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ABSTRACT

Thermomechanical processing necessary to produce DP 980 steel using
CASTRIP hot band was investigated. The resultant steel has an ultimate tensile strength
of 1038 MPa, yield strength of 744 MPa, and total elongation of 8.6%. These mechanical
properties were achieved by batch annealing the hot band at 649°C for 48 hours and cold
rolling to a 20% reduction. The steel was continuously annealed to simulate a
galvanization cycle with an intercritical temperature of 810°C. The possibility of
improving the texture of the steel by warm rolling under dynamic strain aging conditions
was investigated. Dynamic strain aging in the CASTRIP hot band was found to have an
onset activation energy of 82 kJ/mol. This indicates that dynamic strain aging is
controlled by carbon diffusion in ferrite. Vickers hardness and differential scanning
calorimetry tests prove that warm rolling at reductions of 20% generates a higher
concentration of defects than ambient temperature cold rolling. Recrystallization was not
obtained during warm rolling or during the continuous annealing heat treatment. Tensile
tests and x-ray diffraction results show that warm rolling in dynamic strain aging
conditions does not significantly improve the texture of the steel, which remains an

essentially randomly oriented texture.
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1. INTRODUCTION

1.1. PROBLEM STATEMENT

Twin-roll, thin-strip, casting of advanced high strength steel for automotive body
in white application represents a large market in the commercialization of the NUCOR
CASTRIP process. The term body in white includes structural frame members used for
safety such as A and B pillars that are currently produced using dual phase and press
hardened steel. The goal of the CASTRIP program is to produce a dual phase
microstructure that meets ASTM A1079-17 tensile standards for DP 980 steel. The
tensile requirements for DP 980 steel are a minimum yield strength of 550 MPa, a tensile

strength of 980 MPa, and a total elongation of 8% for a standard 50 mm gauge length.

1.2. BACKGROUND

This literature review contrasts the properties, texture, and microstructure of
traditional mild automotive steel with dual phase steel.

1.2.1. Traditional Mild Steel. Beginning in the 1970s, formable mild
automotive steels have been continuously cast and rolled into sheet steels. These steels
can be divided into two categories based upon chemistry and processing: aluminum killed
steels, and interstitial free steels [1]. Another way to classify formable steels is by their
chemistry and drawability. There are four primary classifications: commercial steel,
drawing steel, deep-drawing steel, and extra deep drawing steel [2]. Table 1.1 shows the
yield strength, elongation, and drawability parameter (rm) recommendations for each

grade of mild steel. The distinction for each grade is seen in the elongation and
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drawability parameter. Deep drawing steel can be made from either aluminum-killed steel
or interstitial-free steel, while extra-deep drawing steels are exclusively made from
interstitial free steel [3]. Interstitial-free steels contain extremely low amounts of soluble
carbon and nitrogen compared to aluminum-Kkilled steels. When left in solution, carbon

and nitrogen have a detrimental effect on the drawability of the steel.

Table 1.1. Recommended mechanical properties for the four grades of formable mild
steels. The higher the rm value the better the drawability of the steel [2].

Carbon Yield Minimum | rmValue
Steel Type Designation Content | Strength | Elongation
(Wt. %) | (MPa) (%)
Commercial Steel 0.02-0.15 | 140-275 30 1.3-1.7
Aluminum- | Types A, B, and C
Killed Drawing Steel Types | 0.02-0.08 | 150-240 36 1.4-1.8
Aand B
Deep Drawing Steel <0.06 115-200 38 1.4-0.8
Interstitial- | Extra-Deep Drawing <0.02 105-170 40 1.7-2.1
free Steel

Aluminum-killed steels are steels with aluminum intentionally added during the
melt practice. Aluminum is added for two purposes. The first is to deoxidize the steel by
forming aluminum oxides and the second is to form aluminum nitrides (AIN) for grain
size control and texture control during hot working. Table 1.2 shows a typical chemistry
for aluminum Killed steels.

Hot rolling for the automotive market produces a hot band coil with a sheet gauge

thickness between 1.8 and 3.3 mm [4]. If the hot band is cooled quickly to below 560°C,
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AIN can be kept in solid solution [5]. However, if the hot band is slowly cooled, AIN will
precipitate out of solution. It is desirable to prevent precipitation of AIN during the
cooling of the hot band, and instead form those precipitates during annealing of the
coldworked hot band. Slowly heating steel that has AIN in solution to the annealing
temperature will result in AIN clustering and precipitation on dislocation substructures
and slip bands. This retards recrystallization and produces a texture with a distribution of
{111} planes aligned parallel with the rolling plane (y fiber), and thereby increases the
drawability of the steel [6]. To produce galvanized sheet steel, hot band will first be

pickled, cold rolled, thermally processed, and then galvanized.

Table 1.2. Typical compositional ranges (ppm) of batch annealed aluminum killed steels
[6].

C N Al Mn
200-500 | <100 (typically 40) | 200-500 | 1500-2000

Interstitial free steel requires vacuum degassing prior to casting. Vacuum
degassing lowers the carbon and nitrogen values to 0.002-0.008 weight percent and
0.001-0.005 weight percent, respectively. Table 1.3 shows a typical compositional range
for interstitial-free steels. With the addition of elements such as titanium or niobium, the
remaining carbon and nitrogen can be tied up in carbides and nitrides. This leaves a
ferrite matrix that is almost entirely free of carbon or nitrogen in solution. Niobium can

also retard the austenite recrystallization during hot rolling, which delays the formation of



{100} planes parallel to the rolled surface that result from recrystallized parent austenite
transforming to ferrite. In interstitial-free steels, deformation of the {111}<110> slip
system in austenite will form a brass-type texture and subsequently transform into
{111}<112> ferrite texture upon cooling where <112> designates a crystallographic
direction parallel to the rolling direction and {111} designates planes parallel to the rolled
surface. Thus, slowing the austenite recrystallization creates a higher ratio of {111} to
{100} textures that are aligned parallel with the rolling plane. The higher the ratio of

{111} planes, the higher the rm values, which improves the drawability of the steel [7, 8].

Table 1.3. Typical compositional ranges (wt%) of interstitial-free steels [9-11].

C Si Mn P Al N Nb Ti S
0.002 - 0.01 - 0.1- 0.01 - 0.03 - 0.001 - 0.005 - 0.01 - 0.004 -
0.008 0.03 0.34 0.02 0.07 0.005 0.04 0.11 0.01

1.2.2. Steel Drawability. Drawability is a general description of how well a
material can be formed into different shapes. It is often quantified by forming cups out of
sheet steel and determining the maximum depth that can be formed without defect. Cups
can be round, square, or elliptical depending on the specific forming requirements [12].
Another way to represent drawability is with the Lankford parameter (r). The Lankford
parameter represents the plastic anisotropy present in a sheet. This is measured as the true
in-plain strain divided by the true through thickness strain of the sheet product [13]. A
high r-value indicates that the sheet resists thinning, which leads to neck formation and

tensile failure. This resistance to thinning is required for deep drawing and formability.



The r-value is typically measured in three different orientations in a rolled sheet. These
orientations are in-plane loading at angles of 0, 45, and 90 degrees relative to the rolling
direction. The r-values resulting from these three tests are commonly designated as ro, rss,
and rgo. The average of the three r-values is represented by rm, as shown in Equation (1).
Typical rm values for deep-drawing steel range from 1.2 to 2, with the drawability
improving as rm increases [6]. The average Lankford parameter can be used to calculate
the Limiting Drawing Ratio (LDR), which is the highest ratio of blank diameter to cup
diameter that can be drawn without tearing or excessive thinning. Equation 2 shows the
LDR ratio as a function of rm and the constant n, which ranges from 0.74 to 0.79
depending on lubrication, pressure, thickness, and radius of the cup. Thus, as the rm value

increases, the limiting drawing ratio increases.

1
Tm = Z(ro + 2135 + 199) (1)

LDR = exp <n @) (2)

1.2.3. Effect of Cold Rolling. Cold rolling prior to continuous annealing has
been shown to significantly improve the rm values. Cold rolling a low carbon steel (with
less than 0.01 weight percent carbon) from a 60% cold reduction to a 90% cold reduction
can increase rmfrom 1.4 to 2 [14]. Removing carbon from solution in the steel is
advantageous when engineering rm values. Interstitial elements (particularly carbon)
impedes the formation of {111} textures by promoting undesirable {100} and {110}
textures, which significantly reduces the rm values. Figure 1.1 shows the relationship

between solute carbon content and rm values at cold reductions between 50 and 95%.



Solute nitrogen also reduces the drawability of the steel, and research indicates that

nitrogen should be less than 0.003 wt% for optimum drawability [15, 16].

2.0
1.5F
]
=]
[
>
E
1.0F
0.09% C
0.5

50 60 70 80 a0 100
Cold-rolling reduction, %

Figure 1.1. The relationship between carbon content and ry values for cold reductions
between 50 and 90% [17].

1.2.4. Processing Sheet Steel. The processing steps necessary to produce a
finished coiled sheet from cast steel slabs are as follows: slab reheating, hot rolling, hot
coiling, pickling, and cold rolling. Hot rolling is necessary to reduce the bulk of the
material down from continuous cast thickness that typically starts at around 200 mm.
This thickness is hot rolled until it is 60 to 90% thicker than the desired thickness of the

finished product and coiled as hot band. The hot band is passed through a pickling station



to remove surface oxide that formed during hot rolling and subsequently cold rolled to
the final thickness of the steel sheet.

Final microstructure and properties are developed during annealing of the cold
rolled sheet. This may be accomplished by batch annealing, continuous annealing or
galv-annealing depending upon the capabilities of the steel producer. Both interstitial-free
steels and aluminum killed steels can be batch annealed or continuous annealed.
However, it is most common for aluminum Killed steels to be batch annealed and for
interstitial-free steels to be continuous annealed, as these processing routes produce the
best properties for the two types of steels. In all low carbon steels, the ferrite grain size
and texture formed after hot rolling is the primary factor that controls the mechanical
properties and drawability [6, 18].

1.2.5. Texture. Drawability and formability of rolled low carbon steel is
significantly affected by the crystallographic texture that forms during rolling and
subsequent annealing. Specific texture orientations are described by the notation of
{hkl}<uvw>, which indicates that the family of {hkl} planes are parallel to the plane of
the rolled sheet and the <uvw> directions are parallel to the rolling direction. Another
method for representing texture is by texture fibers. These fibers describe a range of
specific textures that share common directions or planes. This method of texture
representation is particularly useful when describing textures influenced by cold rolling,
which creates a distribution of orientations that are not accurately represented by a single
{hkI}<uvw> texture intensity. Instead, the fibers represent a range of orientations that
share specific directions or planes in relationship to the rolling direction and rolling plane

of the sheet. Fibers are often represented in 2 or 3-dimensional Euler space, since



orientation distributions expressed with Miller indices can be mathematically converted
to an equivalent Euler angle and plotted. Euler angles are three rotations that align the
<100> crystal direction with the rolling direction [19]. Figure 1.2 shows a 3-dimensional
plot of common fibers observed in both face centered cubic (FCC) and body centered

cubic (BCC) materials using a sub-volume of Euler space.

0 e |

{1113<110>]

Cube
{111}<112>

30
?, opper
60
90
V 30
60 (D

90

Figure 1.2. Important textures seen in both rolled and recrystallized textures in FCC and
BCC materials [20]. The {111}<110> and {111}<112> orientations have been added to
the graph as gray circles at the endpoints of the y-fiber.

The two most common fiber textures that form during the thermomechanical
processing of low-carbon steels are termed o and vy fibers. The a-fiber is distinguished by
the <110> direction oriented parallel to the rolling direction. The specific textures that

this fiber can represent are between {001}<110> and {111}<110>. In Figure 1.2, the a-



fiber runs between {100} and {110}, since it is over a 90° Euler rotation. The y-fiber is
characterized by the family of {111} planes aligning with the rolling plane of the sheet.
The endpoints for the range of specific textures for the y-fiber are {111}<110> and
{111}<112>. The effect of the common texture intensities on the rm value and the Ar
(planar anisotropy) is shown in Table 1.4.

Planar anisotropy is defined as the variation between ro, r4s, and reo. Equation (3)
shows the calculation for planar anisotropy. Positive or negative planar anisotropy values
indicate a tendency to thin at different rates relative to the rolling direction. In cup
drawing this anisotropy in thinning produces a difference in cup height or ears along the
circumference. Based upon the values seen in Table 1.4, the best textures for deep
drawing are the {111}<110> and {111}<112> textures. These textures maximize the rm
values while keeping the Ar values at a minimum magnitude. An equal ratio of these two
specific orientations is desirable to keep ear formation to a minimum, since the valleys
formed every 60° during deep drawing are offset by 30° in the two different textures.
Thus, the best possible texture for deep drawing steel combines the {111}<110> and

{111}<112> textures in equal ratios [14, 21].

Table 1.4. rmand Ar values for specific texture components observed in low carbon steels
that have been thermomechanically processed [22].

Texture Component 'm Ar
{001}<110> 04 [-0.8
{112}<110> 2.1 | -2.7
{111}<110> 26 |0
{111}<112> 26 |0
{554}<225> 26 |11
{110}<001> 51 |89
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Favorable y-fiber textures are formed by cold rolling hot band steel and

recrystallizing. Cold rolling, which starts with a hot band that has a randomly oriented
grain structure, causes the grains to rotate to orientations that are more stable than a
random (or cubic) grain orientation [23]. For example, the transformation to a favorable
y-fiber orientation from an unfavorable cubic orientation can be seen in Equation (4) [24-
27]. This is a result of continued deformation. Recrystallized grains will nucleate on areas
of high deformation and grow with similar orientations, which leads to a recrystallized
structure of favorable y-fiber texture. It is important to note that there is always a
distribution of grain orientation, as grains will nucleate with random orientations at grain

boundaries [23].
Tm = %(ro — 2135 + T9o) 3)
{110}<001>—{554}<225>—{111}<112>—{111}<110>—{223}<110> (4)

1.2.6. Schmid Factors. Another way to confirm the importance of the y-fiber for
the formability of the steel is through examination of the slip systems that are engaged
during deformation. In BCC materials, slip occurs along the <111> directions. Slip has
been shown to occur on the following planes that contain a minimum of one <111>
direction: {110}, {123}, and {112} [28]. To mathematically examine slip of specific
grain orientations, Schmid factors can be utilized. Equation (5) shows the equation for the
Schmid factor (M). Figure 1.3 shows the angles A and @ in relation to the tensile axis of a
specimen. Thus, a specific Schmid factor can be calculated for each specific grain
orientation. In BCC materials, Schmid factors can range from 0.314 to 0.5. Schmid factor

values indicate how favorably a grain is oriented for slip to occur. The higher the Schmid
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factor, the more likely it is that slip will occur in the steel [28]. Figure 1.4 shows the
calculated Schmid factors for some common orientations in BCC crystals. The
orientations for the maximum Schmid factors correspond to orientations that result in

favorable rm values.

M = CosA x Cos® [28] (5)

Tensile axis

Slip direction, d 4

v‘ ) Slip plane normal, n

Figure 1.3. The angles defined for calculation of the Schmid factor [28].
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Figure 1.4. Calculated Schmid factors in BCC crystals for <111> slip. Notice that there
are two different sections for two different slip directions included in the triangle [28].

1.2.7. Shear Bands. Shear bands are planar volumes that deform independent of

microstructure or crystallographic orientation, and generally these slip bands form at

~35° angle to the sheet rolling plane. These shear bands are commonly observed in the

Longitudinal-short plane, which allows for the angle and true thickness of the band to be

measured [29]. Shear bands are necessary for nucleation of the y-fiber. However,

excessive shear bands suppress the formation of that texture. This is because heavy shear

banding tends to break up grains and accommodate deformation without causing rotation

of the overall matrix, i.e. high reductions reduces the nuclei for the desired texture for

deep drawing. As a result, heavy shear banding decreases the y-fiber intensity [30, 31].



13
Cold reductions greater than 90% will produce a loss of the y-fiber, but maximum cold
rolling to produce this loss is dependent upon steel chemistry.

For traditional aluminum killed steels that are batch annealed, a 70% reduction
provides the ideal nucleation sites for development of a strong y-fiber. For interstitial-free
steels, the optimum cold reduction prior to continuous annealing can be as high as 90%.
If the cold reduction is higher than this, Goss orientations will tend to nucleate on severe
shear bands [34]. If the amount of cold reduction is too low, a cubic Goss texture of
{110}<100> can form simultaneously with the y-fiber [32, 33]. Both scenarios result in a
reduction in rm values. Thus, for each specific steel there is an ideal amount of cold
reduction for optimum formation of shear bands and subsequent formation of the y-fiber.

Stacking fault energy of the steel will also affect the size of the shear bands
formed, since materials with a higher stacking fault energy will form larger shear bands.
Larger grain sizes will also typically form a higher density of shear bands within a given
grain [29]. At composition ranges characteristic of low carbon steels, carbon and
aluminum additions increase the stacking fault energy, while manganese additions
decrease the stacking fault energy [35, 36]. Al and Si lower the unstable stacking fault
energy, which decreases the stress to nucleate dislocations in austenite. However,
austenite is not typically present in significant amounts at room temperature in low
carbon steels. Thus, ferrite is deformed during cold rolling low carbon steel. If the
unstable stacking fault energy of the steel is low enough to initiate twinning by partial
dislocation nucleation, then the shear banding will be delayed, since twinning can
accommodate the deformation that would form shear bands in materials with a higher

stacking fault energy [37]. This most commonly occurs in FCC metals.
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Finally, if the steel is rolled in dynamic strain aging conditions above a 60%
reduction, the steel can become sensitive to shear flow localization. Deformation in these
conditions will cause excessive shear banding, thus decreasing texture intensity as
compared to material rolled outside of the dynamic strain aging region. Excessive shear
banding substitutes for grain rotation and development of the required deformation
texture and subsequent {111} recrystallization structure. Dynamic strain aging is not a
concern in interstitial-free steels, which does not contain solute carbon and nitrogen. In
interstitial-free steels, the effect of dynamic strain aging is greatly reduced or eliminated
[30, 33]. However, it is important to note that these studies show the effect of dynamic
strain at reductions of 60% or greater. The effect of dynamic strain aging at lower rolling
reductions has not been studied.

1.2.8. Automotive Steel. Demand for fuel efficiency in automobiles has driven
significant research efforts to reduce the weight of automobiles. Steel is under constant
pressure from lightweight materials, most notably aluminum, to increase strength to
weight ratios to remain a competitive material in the automotive marketplace. For steel to
continue to compete with aluminum for weight savings in vehicles, weight reductions of
35% or greater are required [38]. Table 1.5 shows the relationship between weight
reductions and yield strength of steel in automotive applications. To achieve a 35% or
greater increase in weight savings, yield strengths of 700 MPa or greater are required.

It is important to note that steel continues to be the most cost-effective solution
for use in automotive applications. Since aluminum is not as strong as steel, replacing a
part with the same strength is not as simple as a volume exchange of material. To meet

the same strength requirements, a greater volume of aluminum must be used to replace an
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equivalent steel part. Raw materials to produce aluminum cost three times as much as
raw materials for steel. Production of aluminum stock is twice as expensive as the cost
for producing an equivalent amount of steel. There is a 20 to 30% increase in assembly
costs for aluminum parts [38-40], which stems from challenges in joining aluminum
materials. Spot welding aluminum requires 2 to 3 times the welding current used for
steel, and has issues with weld inconsistency, porosity and greater electrode wear [41].
To successfully join aluminum materials in automotive applications, several different
techniques must be used, from fasteners and adhesives, to soldering, brazing, and welding
[42]. As a result, automotive manufactures are balancing the cost of using aluminum with

the weight savings gained by using a lighter material.

Table 1.5. Relationship between yield strength and weight reduction for advanced high
strength steels in comparison to traditional automotive steels [43].

Yield Strength (MPa)

Weight Reduction (%)

105-275 (Mild Steel) 0
400 15-25
700 35-45
900 45-50
1100 50-55

1.2.9. Dual Phase Steel. Increasing the strength of steel allows for structural
cross sections to be made thinner, which reduces the weight of the part. To this end,
significant advances have been made in the steel industry to produce high strength steels

that are a cost-effective solution to reduce weight in automobiles. First generation
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advanced high strength steels are: transformation induced plasticity (TRIP) steels,
complex phase steels, and dual phase (DP) steels [44]. Figure 1.5 shows ultimate tensile
strength and elongation ranges typical of steels common to the automotive industry. DP
steels are currently the most utilized first-generation advanced high strength steel. For
example, the 2015 Nissan Murano contained 28% dual phase steel, in comparison to 3%
of 1180 complex phase steel [45]. DP steels combine an increased work hardening rate
with continuous yield behavior along with a comparatively low production cost [44, 46].
A material that exhibits continuous yielding is defined as not having a specific yield point
or yield point elongation. In DP steel, this is attributed to the presence of mobile
dislocations in the ferrite phase resulting from the martensite phase transformation during

cooling from the intercritical annealing temperature [47].
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Figure 1.5. A comparison between steels common to industry. DP steels range from
approximately 400 to 1180 MPa in tensile strength, corresponding to 30 to 5 percent
elongation [48]



17

DP steels are used in several different applications throughout the automotive
industry. Commercial DP steels grades range from DP 600 to DP 1180, and Figure 1.6
shows an example of dual phase steel used in a 2015 Ford Edge. DP steels are used for
door beams, bumper reinforcements, roof bows, roof rails, B-pillars, A-pillars, and cross
members. The combination of formability, strength, and weldability along with the wide
range of available mechanical properties make these steels a very attractive choice for
automotive applications. Research has been conducted using dual phase steels into panels

and wheels as well, although these specific applications are not as common [49-51].

Martensitic &
Boron

DP1000

DP800 Mild

Bake Hard
DP600

HSLA

Figure 1.6. Uses of DP steel in a 2015 Ford Edge (body in white) [52]. The number in the
grade of steel refers to the ultimate tensile strength of the steel, per ASTM A1079 [53].

DP steels contain significantly more alloying elements than aluminum-killed
steels or interstitial-free steels, but at approximately half of the carbon content of a
typical TRIP steel and this improves weldability. Table 1.6 shows a typical a chemical

composition range for common grades of DP steel along with the effect of each addition
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on the microstructure of the steel. There is no consensus on the best composition to
obtain a specific grade. Some DP steels contain only carbon, manganese, and silicon.
Others contain additional molybdenum and chromium for increasing hardenability of the
steel, as well as micro-alloying elements such as niobium and vanadium for austenite
grain size control [54-65]. Depending on the desired heat treatments, different
combinations of austenite stabilizers, ferrite stabilizers, and micro-alloying elements may
be selected. Carbon and manganese have the most significant impact on the intensity and
orientation of the steel texture.

To combat the adverse effect of the solute carbon, it is recommended to bring the
solute carbon out of solution in the form of carbides prior to rolling. After the rolling
texture is formed, the carbon can be absorbed back into solution during intercritical heat
treatment, at which point it can no longer affect the ferrite texture [57, 58]. There is one
exception noted by Barnett and Kestens, who suggest that solute carbon is beneficial for
increasing the {111} texture intensity. They utilized a two-step annealing process to
produce an 8 um grain size. A small grain size coupled with an 85% reduction showed an
increase in {111} texture intensity for samples with high solute carbon [59].

Manganese has a more complex effect on the texture formation in steel. At very
low levels (~0.02%), manganese has been shown to improve desirable y-fiber texture
intensities [60]. However, at levels above 0.4%, manganese can have a detrimental effect
on the formation of the {111} rolling plane texture. Solute manganese can slow down the
growth of recrystallized grains that are favorably oriented, which gives time for grains
with a less favorable orientation to nucleate and grow [21]. Research shows that

manganese can promote the formation of unwanted a-fibers due to carbon-manganese
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dipoles that encourage strain-induced boundary conditions. Manganese can also interact

with nitrogen to create an adverse similar effect [34].

Table 1.6. Composition ranges for common dual phase steel grades [54, 55].

Element

Composition Range (wt%)

Effect on Microstructure

C

0.06-0.15

Austenite stabilizer
Increase martensite strength
Carbides can control the austenite
formation and distribution
Reduces rm values

Mn

1.5-2.5

Austenite stabilizer
Solid-solution strengthener of ferrite
Texture: Beneficial at 0.02%, detrimental
above 0.4%

Si

<0.4

Ferrite stabilizer

Cr, Mo

<0.4

Increase hardenability
(Mo - strong effect, Cr - weak effect)

<0.06

Austenite stabilizer
Precipitation strengthener
Carbide former
Grain pinning in absence of Al or Nb

Nb

<0.04

Refinement of microstructure (grain

pinning)
Carbide former

DP steel microstructures are comprised of a ferrite matrix and a hard, secondary

phase. The secondary phase is typically martensite, although ferrite-bainite steels are also

classified as DP steels [61]. A martensite-ferrite DP structure is produced by heat treating

at intercritical temperatures to form austenite islands and then quenching to produce the

martensite islands in the ferrite matrix. There are several processing routes that can

produce this microstructure. The most common method of processing is cold rolling hot
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band steel to reductions between 50% and 75% and quenching after an intercritical heat
treatment [62, 63]. Cold working prior to heat treatment creates additional areas in the
microstructure that can act as nucleation sites for the austenite formation. Additional
austenite nucleation sites are created because austenite nucleates on ferrite grain
boundaries and carbides. Carbides can be located on ferrite grain boundaries or at
intragranular locations [64]. Thus, cold rolling the steel is an effective method for
refining the grain structure of DP steel [65]. Figure 1.7 shows typical DP microstructures
after cold rolling to 56 and 69 percent reduction, heat treating in the intercritical region,

and guenching to form martensite.
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Figure 1.7. Optical micrographs of a typical DP structure. These two microstructures
were produced by cold rolling at DP 800 steel to a 56 % reduction (Low reduction) or a
69% reduction (High reduction) to observe the refinement of the microstructure resulting
from cold working the structure prior to heat treatment. The light phase in the
micrographs is ferrite, and the dark phase is martensite [67].
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Research by Chang and Preban shows that decreasing the ferrite grain size will
increase the strength of the DP steel. Increasing the volume fraction of martensite will
also increase the strength of DP steel. Figure 1.8 shows the effect of the mean free path in
ferrite and the volume fraction of martensite on the yield strength to tensile strength ratio
[68]. Research by Hwang et al., confirms the relationship between ferrite grain size and
strength in DP steels [69]. Gorni and Branchini developed general equations showing the
effect of the microstructure on tensile strength, yield strength, strain hardening exponent
and uniform elongation of DP steel [70, 71]. Equations (6-9) show these relationships.
These equations use the mean ferrite free path, which describes the average distance that
a dislocation can travel in ferrite before encountering an obstacle, e.g. grain boundary or
the martensite-austenite islands. In the case of DP steel, this can be defined as the ferrite
grain size [68]. The ferrite grain size in the hot band can be reduced by decreasing the
austenite grain size of the hot band. This is achieved by increasing the controlled cooling

rate of austenite and subsequent ferrite transformation, as seen in Figure 1.9 [66].

YS = 203 + 855 /LL [70] (6)

TS = 266 + 548 /Li +1741 /2—’? [70] 7)
aa B

99 _ 386 + 590 |+ 1722 128 (711 8)

de Loa dg

Eunif = 32 — 64 /Li [70] (9)
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Where: YS is the yield strength (MPa)
TS is the tensile strength (MPa)

do
Te is the strain hardening coefficient

eunif 1S the uniform elongation

Laa is the mean ferritic free path (um)
dp is the mean diameter of martensite islands (um)
fg is the volume fraction of martensite
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Figure 1.8. The relationship between the mean free ferritic path (ferrite grain size) and the
yield strength to tensile strength ratio. As the ferrite grain size decreases, the strength of
the material increases. The effect of increasing the volume fraction of martensite is also

shown. As the volume fraction of martensite increases, the strength of the material
increases [68].
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Figure 1.9. Ferrite grain size control as a function of controlled cooling rate [66]. Grain
size can also be controlled by niobium or vanadium additions that act as grain pinners
[54].

Two other methods of thermomechanical processing include rolling in the
intercritical region or rolling in the austenite region. After rolling in the intercritical
region, the steel is quenched to transform the austenite into martensite. After rolling in
the austenite region, the cooling is controlled to form ferrite prior to quenching the
remaining austenite to form martensite [72, 73]. Figure 1.10 shows these two thermal
processing routes that are used to produce DP steel. Steel can be quenched from the
intercritical region or cooled from the austenite region. The first method is similar to the
thermal processing of the steel in a continuous annealing line, except the steel is
quenched directly from the intercritical region instead of controlling the cooling to the

temperature of the zinc bath and quenching in an air jet. The second method is commonly
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used to produce DP steel by controlling the cooling of the steel after hot rolling to form
ferrite grains and then quenching to form martensite from the remaining austenite [74].

Many DP steel products are heat treated in conjunction with a galvanization
coating line. After pickling and cold rolling, the coil is brought to an intercritical
temperature needed to grow the required percentage of austenite to meet the target
mechanical properties for the steel. This heat treatment is performed in a continuous
annealing line (CAL) furnace and subsequently cooled to the temperature of the zinc bath
prior to dipping. Two common types of furnaces used for this application are direct fired
furnaces and radiant heating tube furnaces. Direct fire furnaces can have heating rates
~40°C/sec higher than radiant tube furnaces. In both cases the furnace atmosphere is
carefully controlled to prevent scale formation during the heat treatment [80].

Figure 1.11 shows the two most common thermal paths in the continuous
galvanization process. In both methods the steel is heat treated in the intercritical region
between the Acl and Ac3 temperatures. However, depending on the cooling system
utilized, the steel is either: (a) quenched with water aerosol spray after the intercritical
annealing to form martensite and then reheated to the zinc bath temperature, or (b) more
slowly cooled to the temperature of the zinc bath and then quenched in forced air to form
martensite after the zinc bath [81].

One of the most important microstructural features that needs to be carefully
controlled is the volume percentage of martensite that is present in the microstructure. As
the volume percentage of martensite increases, the tensile strength of the material
increases linearly. Figure 1.12 shows the relationship between material strength and

volume fraction martensite for a typical DP chemistry. Figure 1.13 shows the effect of the
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volume fraction of martensite on uniform elongation [47]. According to Gorni and
Branchini, the yield strength and uniform elongation of DP steel is a function of ferrite
grain size, while the tensile strength of DP steel is a function of ferrite grain size,

martensite volume fraction, and size of the martensite islands as seen in equations (7), (8)

and (9) [70].
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Figure 1.10. Two typical thermal cycles (red dashed lines) used to produce DP
microstructures directly from rolling. The microstructures will consist of a ferrite matrix
and martensite islands. The first method is rolling in the intercritical region, while
growing islands of austenite and then quenching to form martensite. The second method
is rolling in the austenite region and controlling the cooling to produce the desired
amount of ferrite prior to quenching to form martensite [74]. If continuous annealing is
performed in conjunction with galvanization, the material will be cooled from the
intercritical region to the temperature of a zinc bath prior to quenching below the

martensite start temperature.
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Figure 1.11. The two most common heat treatment paths used in continuous annealing.
Route (a) uses a water quench and reheat system after intercritical annealing, while route
(b) controls the cooling from the intercritical temperature to the zinc bath temperature,
with quenching in an air jet after the zinc bath to form martensite [81]. Overaging
typically occurs at ranges between 250 and 400°C in DP steels [82].
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Figure 1.12. The effect of volume fraction martensite on tensile strength and yield
strength for a 0.08 C, 1.6 Mn, and 0.73 Si (wt%) steel. This graph was produced by heat
treating steels in a laboratory at different intercritical temperatures and quenching in
water to form varying amounts of martensite. The specimens were also tempered at
200°C. In industry, quenching to form martensite typically either occurs via water spray
on arun out table, or in an air jet after galvanization [47].



27

Uniform elongation, %

0 I 1 1 L
0.2 04 0.6 0.8 1.0

v

m

Figure 1.13. The relationship between volume fraction martensite and uniform elongation
for a Cr-Mn-Si-B steel. This graph was produced by heat treating steels in a laboratory at
different intercritical temperatures and quenching in water to form varying amounts of
martensite. The specimens were also tempered at 200°C [54].

Martensite in DP steel can be acicular, globular, or dispersed as shown in Figure
1.14. Acicular martensite is formed by austenitizing steel with an acicular ferrite
structure. Globular martensite is produced by cooling from the austenite region and
holding in the isothermal region. Dispersed martensite is created by intercritical
annealing cold rolled steel [75]. A primary factor in austenite morphology is the pre-
existing microstructure. Depending on the nucleation sites available, austenite will either
form fibrous or globular structures, as shown in Figure 1.15. If type A austenite (austenite

that initially nucleates on martensite interlath positions or in a prior acicular ferrite
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structure) is the primary austenite that nucleates and grows, then the microstructure will
contain fibrous martensite. However, if type B austenite (globular austenite that nucleates
on grain boundaries and carbides) is the dominant form of austenite growth, then the steel
will have a globular martensite structure. Type A austenite is described as misorientation-
rich because kernel average misorientation measurements show these grains to be
qualitatively higher in internal misorientation than type B grains. This trend in local
misorientation is believed to be a result of the type A austenite forming sub-grain
boundaries after nucleating on acicular ferrite lath boundaries and growing together to
form larger cohesive austenite grains [76]. However, these grains are closely related to
the prior austenite grain structure and do not change significantly the prior austenite
crystallographic texture.

The morphology of the martensite phase does not have a significant effect on the
ultimate tensile strength of the dual phase steel, provided the same volume fractions of
martensite are compared [75]. However, the tensile ductility, yield strength, and fracture
performance is affected by the morphology of the martensite phase. A coarse and
interconnected structure will show a significantly lower elongation to failure in
comparison to a finer, more discrete structure [77, 78]. Decreasing the average size of the
martensite islands has been shown to improve the formability of the DP steel [79].

Isothermal austenite growth is classically modeled with the Avrami equation
(Equation 13). This model is also referred to as the Johnson-Mehl-Avrami-Kolmogorov
(JMAK) model if homogenous nucleation is assumed [83-85]. In this form of the
equation the units of the K constant are dependent upon the value of the n constant, as the

units must cancel to result in a volume fraction.
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Figure 1.14. Three different types of DP microstructures resulting from different heat
treatments of the same chemistry. Dispersed (a) was created by annealing and quenching
a cold rolled sample. Acicular (b) was obtained by austenitizing a sample with an acicular

ferrite microstructure. Globular (c) was produced by cooling from the austenite region
and performing an intercritical isothermal hold [75].
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Figure 1.15. Two primary types of austenite formation that forms in martensite structures
in low carbon steel [76]. Dominance of the type A austenite formation results in an
acicular martensite structure upon quenching, while type B austenite creates a globular
martensite structure with discrete martensite particles.

V, =1—exp(—Kt") (13)

Where:
Vv is the volume fraction of austenite
K is a temperature-dependent rate constant (1/s)"
n is an exponential term
tis time (s)



30

Another assumption used in this model is that given sufficient time, the
microstructure will entirely transform to austenite. However, at intercritical temperatures
this is not a valid assumption, because ferrite and austenite will be at equilibrium in
volume fractions determined by the intercritical temperature. To account for the
equilibrium between ferrite and austenite at intercritical temperatures, the austenite
volume fraction term Vy can be replaced with Vy/Ve, the volume faction of austenite
divided by the equilibrium austenite [86]. Equation (14) shows this modification to the
JMAK equation. Table 1.7 shows typical Avrami parameters for intercritical annealing of

a cold rolled DP steel at 770°C.

% =1—exp(—Kt") [86] (14)

Table 1.7. IMAK parameters for a ferrite-martensite steel cold rolled to 50 and 80 percent
reduction and then intercritical annealed at 770°C [87]. Units for the K constant were not
explicitly stated by the author.

JMAK Parameter 50% Cold Reduction | 80% Cold Reduction
n 1.253 1.093
K 0.0005 0.0007

JMAK equations are appropriate for modeling austenite formation in DP steel
because austenite growth is primarily controlled by carbon or manganese diffusion. Initial
nucleation and growth of austenite on carbides occurs within 200 milliseconds. After the

carbide and ferrite dissolution, the austenite growth is controlled by either carbon
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diffusion in austenite or manganese diffusion in ferrite. Carbon diffusion in austenite
controls the austenite growth at temperatures between 850°C and 950°C and reaches
equilibrium in 2 to 9 seconds. Manganese diffusion in ferrite controls the austenite
growth at temperatures between 740°C and 780°C and reaches equilibrium in 4 to 24
hours. True equilibrium is controlled by the diffusion of manganese in austenite, which
can take between 2000 and 4000 hours to complete [88].

Specific terminology should be used to describe the different stages in diffusion
controlled growth, as seen in the publications of Speer et al. and Hiller and Agren.
Paraequilibrium describes the controlling condition of carbon diffusion in austenite, since
it is a condition of a migrating interface between the ferrite and austenite phases.
Constrained carbon equilibrium describes the state of the material after the flux of carbon
atoms across the interface ceases and manganese diffusion takes over as the controlling
diffusion mechanism [89, 90].

According to the research of Olivera et al., the rate of austenite formation
increased with an increased heating rate to a specific temperature. In a low carbon steel
heated to 800°C, increasing the heating rate from 0.1°C/sec to 1°C/sec was found to
increase the amount of austenite formed from 0.5 to 0.85 volume percent. Olivera et al.,
attributed this to a change in controlling diffusion mechanism, and suggested that shifting
the intercritical region as a result of changing the heating rate also shifts the regions of
different diffusion mechanisms. At a heating rate of 0.1°C/sec, the austenite growth was
considered to be controlled by the diffusion of manganese in ferrite. However, at a
heating rate of 1°C/sec the controlling diffusion mechanism was considered to be the

diffusion of carbon in austenite. The result of this study found a JMAK K value for a
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heating rate 0.1°C/sec to be 7x107°, while a heating rate of 1°C/sec produced a K value
of 2x1073 [91]. The units for this K value were not specified by Olivera et al.

A study by Azizi-Alizamini et al. found that the dependence on K on heating rate
is only applicable for hot rolled, low carbon steels. For a cold rolled low carbon steel, it
was determined that the austenite formation kinetics were not significantly affected by
the heating rate [92]. However, a different study by Mohanty et al. found that raising the
heating rate of cold rolled, low carbon steel produced a higher percentage of austenite
between 780°C and 820°C, which is a similar result found by Olivera et al. in their
publication. Mohanty et al. also observed that a higher temperature range of 840°C to
860°C, the heating rate did not have a significant effect on the percentage of austenite
formed [93]. According to Fonstein, results of heating rate experiments are very sensitive
to the steel composition and the specific intercritical annealing temperature chosen. These
inconsistencies could lead to different authors reaching different conclusions if there is
variation in composition and temperatures in the experiments performed [94].

In a comparison between heating rates applied to low carbon steels, a heating rate
of 10 K/s was found by Mohanty to produce a finer, more homogenous austenite
structure than a heating rate of 50 K/s. At the higher heating rate, the recrystallization
was slowed, which changed the sites of preferential austenite nucleation. A higher
heating rate also causes the austenite that nucleated first to grow to a much larger size
than the austenite that nucleated later in the heat treatment cycle, which results in much
wider grain size distribution than observed in steel heated at a lower rate. Figure 1.16
shows a graphical representation of the effects that different heating rates have on the

microstructure of a cold rolled steel [93].
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Figure 1.16. A schematic of the differences in austenite formation for two different
heating rates of 10 and 50 K/s. This alters the nucleation sites for austenite formation. At
a heating rate 10 K/s, the austenite forms relatively fine, homogenous austenite, while at

50 K/s, the austenite forms much coarser, non-homogenous austenite. T, represents the
recrystallization temperature, indicating that the increasing heating rate delays ferrite
recrystallization [93].

1.2.10. Dynamic Strain Aging. Dynamic strain aging is manifest as serrated
flow in the stress-strain curve during tensile testing. Figure 1.17 shows an example of
different types of serrations that can occur during tensile testing. Serrated flow is caused
by dislocation pinning by interstitial nitrogen or carbon. Solute nitrogen or carbon form
Cottrell atmospheres, which is the ordering of solute atoms around dislocations. As
dislocations become pinned, the remaining unpinned mobile dislocations must move

faster to accommodate the applied strain rate. Increasing the speed of dislocation
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movement increases the stress of the steel. The stress will increase until a dislocation line
segment breaks free from the solute at a sufficiently high stress and becomes mobile.
These mobile segments are typically pinned at each end and will act as a Frank-Read
source and produce unpinned mobile dislocations. Increasing the density of unpinned
mobile dislocations will decrease the dislocation velocity, which lowers the stress in the
steel. Repeating the steps of dislocation pinning and unpinning; and thus, creation of new
unpinned dislocations causes the serrations observed in a typical dynamic strain aging
stress-strain curve [95].

Although dynamic strain aging is typically characterized by serrations, it is
important to note that dynamic strain aging can still occur even when serrations are not
seen in the stress-strain curve. This is because the serrations are a measure of the time
between successive dislocation pinning, and thus at high strain rates it can be challenging
to distinguish serrations [56]. In austenitic manganese steel, such as Hadfield steel,
dynamic strain aging is associated with rapid work hardening.

In dual phase steels, dynamic strain aging is well documented at strain rates
between 10 and 10! when deformed at temperatures between 100 and 450°C [56, 96-
97]. Increasing the strain rate shifts the temperatures where dynamic strain aging occurs
to a higher range of temperatures [98]. However, the temperature range is not affected by
the ferrite percentage present in the dual phase steel [99]. Dynamic strain aging occurs as
a result of dislocation interaction with either solute carbon or nitrogen in dual phase
steels. Warm rolling in dynamic strain aging conditions is typically avoided, since it can
cause heavy shear banding that decreases the texture intensity. This heavy shear banding

is similar to undesirable shear banding resulting from excessive cold rolling on texture
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intensities, as discussed in section 1.2.7. The effect of dynamic strain aging on texture at

lower reductions (below 60%) has not been studied.
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Figure 1.17. Types of serrations observed in steels. Type A serrations occur at lower
temperatures and lower strain rates. Type A serrations are associated with deformation
bands that have started at the same place and have propagated uniformly through the
steel. Type B serrations are related to Type A mechanisms that are deformed at a higher
strain rate. Type C serrations are associated with high temperatures and low strain rates.
The mechanism for Type C serrations is dislocation unlocking, which results in a periodic
decrease from the average stress. Type D serrations result from high temperature pre-
straining prior to significant deformation. The serrations are driven by band propagation,
(not accompanied by work hardening and thus no strain gradient) at the band front as it
moves through the material [100].
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1.2.11. The Castrip ® Process. Approximately half of the steel produced in the
world is flat steel product. Of the flat steel produced, a large portion is in the form of steel
coils. Steel coils are used in many applications, most notably the automotive industry,
which accounts for 12% of the overall global steel consumption [38, 101]. Prior to 1989,
steel coils were produced from continuous cast slabs. A typical minimum thickness for a
continuous cast slab used for sheet steel production is 200 millimeters. To produce sheet
steel from these slabs, 6 to 9 hot rolling mill stands in addition to a pickling station are
required to produce a hot band coil. In 1989, a new thin-slab casting technology was
introduced to produce slabs ranging from 50 to 70mm in thickness. Thin-slab castings are
capable of directly rolling strips from the initial casting, which eliminate the need for
roughing steps in the process. This significantly reduces the energy and cost in producing
thin gauge sheet strips. However, significant hot rolling of thin strip products is still
required to produce sheet product [102-104].

The Castrip® Process is the next technological step in producing thin sheet steel
products. A simplified diagram of a typical CASTRIP line is shown in Figure 1.18. The
length of the line from caster to coiler is 60 meters, while a typical slab caster is between
500 and 800 meters in length. Research shows that direct strip casting can reduce plant
energy consumption by 90% and greenhouse gas emissions by 80% in comparison to
traditional continuous casting technology [105, 106]. The economic benefit of the
CASTRIP process is a direct result of the reduced plant footprint, as the typical roughing
and hot rolling steps are not necessary for CASTRIP production. Instead of 6 to 9 rolling
stands used in continuous casting, CASTRIP utilizes one or two hot rolling stands, after

which the steel is directly cooled and coiled [107].
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Figure 1.18. A simplified diagram of the components in a typical CASTRIP process. The
distance from ladle to coil is approximately 60 meters [107].

CASTRIP technology utilizes a twin-roll casting mechanism, which is a concept
that was first conceived by Sir Henry Bessemer in 1857. Twin roll casting, however, was
not feasible until the modern understanding of steel solidification and implementation of
modern computer controls [105]. CASTRIP research and development began in 1989,
when Nucor Steel (United States of America), BlueScope Steel (Australia), and IHI
(Japan) formed a conglomerate to pursue twin-roll casting technology. In the mid-1990s,
CASTRIP began focusing on low carbon steels as a viable product for steel strip
production. There are currently two Nucor CASTRIP facilities in the United States,

located in Blytheville, Arkansas and Crawfordville, Indiana. Both plants produce low-
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carbon sheet steel between 1.5 and 2 mm thick that is commercially sold for use in
applications such as furniture, shelving, and roofing [108-110].

In the steel casting industry, the use of a twin-roll solidification system is unique
to the CASTRIP process, although the aluminum industry has utilized twin-roll casters
since 1954 [102, 111]. Figure 1.19 shows a simplified schematic of the twin rolls used in
the CASTRIP process. To achieve cost-effective casting using the twin roll design,
extensive research has been done in the following areas: 1) delivery and distribution of
molten metal to the rolls, 2) containment for the melt on the roll edges, 3) solidification
mechanisms and parameters, and 4) deflection of rolls due to thermal gradients and
mechanical loading. All of these factors influence strip quality and centerline porosity

which are common problems in twin-roll castings [105, 107, 112].
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Figure 1.19. A simplified schematic of a typical twin-roll used in the CASTRIP process
(a), shown in comparison to a conventional continuous casting mold (b) [110].

Solidification of the strip is one of the key challenges of the CASTRIP process. A

typical total solidification time in the CASTRIP process is between 100 and 200
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milliseconds. In comparison, the total solidification time for a continuous caster is several
orders of magnitude greater. Because the solidification time for CASTRIP products
occurs so quickly, controlling the casting process is much more challenging than
conventional casting methods. The solidification path that the steel takes is an important
factor that must be adjusted to produce a sound final product. Solidification through the
peritectic region will result in a volume change of approximately 0.3% that can
potentially overstress the shell formed early in solidification, which means that the delta
ferrite to austenite transformation must be engineered to occur when the shell is thick
enough to withstand the stress caused by the volume change. If this is not accomplished,
cracking originating on the surface of the cast sheet may occur.

One of the most important factors in the CASTRIP process is the heat flux
between the twin-rolls and the steel melt. In continuous casting, mold powder is used to
control the heat transfer between the mold and the molten steel. However, in twin roll
casting, there is no mold powder used. As a result, the heat transfer between the rolls and
the molten steel is controlled by the direct contact of the molten steel with the water
cooled, copper rolls. The surface roughness of the rolls is a very important variable in the
CASTRIP process, as it directly affects the heat transfer coefficient between the rolls and
the steel melt. A good understanding of the surface wetting behavior of the steel melt is
necessary, as this will also affect the heat transfer and consequently the solidification rate
[110].

The casting speed of the strip is another major factor in the heat flux between the
steel shell and the roll. The heat flux is inversely related to the strip speed. Consequently,

the thickness of the strip will increase or decrease as the strip speed changes. Figure 1.20
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shows the heat flux in relation to radial distance from the beginning of the solidified shell
(position 1) to where the shell exits the roll (position 6). For a low casting speed of
4m/min, the strip had a thickness between 6 and 7.5mm, while a high casting speed of 7
to 8 m/min produced a strip thickness of 4mm [113]. At high strip speeds, the heat flux
will follow a quartic trend in relation to the radial distance along the solidification roll,
while a slow strip speed follows a bell curve trend. The valley in the high-speed casting
heat flux (Figure 1.20) is caused by liftoff of the strip from the rolls between positions 3
and 4 as the shell shrinks away from the roll. This does not occur in the low strip speed
conditions because the shell is 2 to 3 mm thicker, which allows for contact to be

maintained between the solidifying sheet and the rolls [114].
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Figure 1.20. The heat flux at a high (7 to 8 m/min) and low (4 m/min) strip speed at six
different locations along the roll surface [114].
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The high rate of heat extraction results in a fine dendrite structure in the solidified
strip. Figure 1.21.a shows a typical as-cast structure formed during the CASTRIP
process. This microstructure is very different compared to a typical continuous cast
structure that is shown in Figure 1.21.b. A distinct columnar dendrite structure is
observed where the two shells of the steel strip have grown together. This stands in
contrast to the four walls of a typical continuous casting that typically transitions to an
equiaxed structure. If the heat flux is not equal for both sides of the shell, the centerline

will shift from the middle of the strip towards the side with less heat extraction.

Equiaxed zone

—— Columnar zone

Chill zone

(a) (b)

Figure 1.21. The dendrite structure of an as-cast low carbon steel strip produced via the
CASTRIP process (a) [115], and a typical continuous cast structure (b) [113]. Ina
typical twin-roll strip, the dendrite structure is fine and directional, with no equiaxed
zone. The centerline of the strip can be clearly seen where the dendrite structure meets in
the middle of the strip, leaving shrinkage porosity.

Research shows that typical rm values for CASTRIP low carbon grades are

approximately 1 [116]. Steels with rm values of 1 have a crystal structure that is almost
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entirely randomly oriented [117]. The solidification texture of the hot band should
contain a {001} component parallel to the rolling plane. A cubic texture component could
cause the rm values of 0.93 and 0.96 reported for a specific grade of CASTRIP steel
[116]. In contrast, deep drawing steels can reach rm values as high as 2.1 [2]. This shows
there is still much room for improvement in the texture of CASTRIP low carbon steel. In
conventional steel making this is accomplished with reductions of 70% or more.
However, the CASTRIP process is limited to cold reductions of 20% or lower. Thus, to
produce CASTRIP products with a desirable texture, alternative methods to improve the

texture must be pursued.

1.3. RESEARCH GOALS

The following research will explore possible dual phase microstructures,
mechanical properties, and textures that can be achieved by thermomechanically
processing CASTRIP as-rolled low carbon steel. Isothermal heat treatments have been
performed and a typical continuous annealing line thermal cycle has been simulated. The
mechanical properties and microstructures of the resultant DP steel will be compared to
the equations of Gorni and Branchini. CASTRIP is limited to a 20% cold reduction,
which is insufficient to provide nucleation sites for forming discrete martensite islands.
To provide additional nucleation sites, alternate thermomechanical processes have been
studied, such as growing carbides through batch annealing and warm rolling in dynamic
strain aging conditions. The effect of the thermomechanical processing on the texture of

the material is explored.
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2. EXPERIMENTAL PROCEDURES

Phase equilibrium calculations were performed using the Equilib module in
FactSage 7.1 using the FSstel database. Table 2.1 shows the chemical composition of the
hot band steel obtained from CASTRIP. The percent of the BCC and FCC phase was
calculated and graphed by raising the temperature between 650 and 825°C and raising the
temperature in increments of 25°C. The possible carbide formation was also calculated
from the same chemistry. The chemistry of the last 15% liquid to solidify was calculated

and the possible carbide formation was determined and graphed.

Table 2.1. Chemical composition provided by CASTRIP utilized for FactSage Equilib
analysis to determine the intercritical region of the steel in equilibrium conditions.

C Mn Cr Ni Si Mo Cu V P N
0.07 2.23 0.89 0.05 0.44 | 0.36 0.1 | 0.007 | 0.015 | 0.004

Critical temperatures were experimentally measured using a resistivity method as
described by Harrington [118]. A room temperature sample was placed in a tube furnace
at 900°C under an argon gas atmosphere to determine the austenite start (Acz) and finish
temperature (Acs). The heating rate was 16°C/sec. The temperature was continuously
measured with a K-type thermocouple welded to the sample. The voltage change across
the material was measured following a procedure reported by Harrington [118]. There are
two competing factors that affect the resistivity of the material. As the temperature of the

material increases, the voltage across the material will increase. As the steel transforms
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from a BCC to an FCC structure in the intercritical region the resistivity of the material
will change. Thus, to discern the interaction of these two effects, the slope of both the
temperature data and the voltage data was carefully examined to determine the best
correlation to the phase transformation.

A Stanat TA 315 laboratory rolling mill, equipped with a 4-high rolling
configuration, was utilized to roll the sheet steel. The rolling mill contains load cells that
records the loading during rolling. Percent reduction was determined by measuring the
steel thickness with a digital caliper after each rolling step. Rolling was conducted at
room temperature and at an elevated temperature of approximately 500°C to induce
dynamic strain aging conditions. For elevated temperatures, the steel was heated in a
nearby furnace approximately 10°C above the target rolling temperature. This
compensated for heat loss during transfer from the furnace to the rolls.

Isothermal heat treatments for 30 minutes at a 700, 725, 775, and 800°C were
conducted in a Sentry molten salt pot furnace and subsequently quenched in water. Prior
to heat treatment, the as-received CASTRIP steel was cold rolled to a 20% and 65%
reduction. The temperature of the molten salt bath was confirmed by welding a type-K
thermocouple to samples of interest, in addition to the furnace thermocouples used for
temperature control.

A 48-hour subcritical heat treatment at 649°C was performed on the as-received
CASTRIP steel to coarsen carbides within the microstructure prior to rolling. Steel
samples were placed in sealed stainless-steel bags along with graphite and machining

chips to minimize decarburization. After the completion of the 48-hour treatment, the



45
stainless-steel bags were removed from the furnace and air-cooled. After cooling was
complete, the steel was subsequently cold rolled.

An industrial galvanization cycle was simulated using two Sentry molten salt pots
with one set to an intercritical temperature and one set to a low temperature simulating
zinc galvanization. The heating rate of the sample was controlled by placing the sample
between two metal plates during heating. The heating rate was held constant throughout
each experiment at ~14.6°C/sec. The samples were heated to an intercritical temperature
of 760°C or 810°C and held for 24 seconds at that temperature. After the intercritical heat
treatment, the samples were air-cooled to 425°C and placed in the low temperature
molten salt furnace. The salt bath was set to 425°C, which the temperature of a typical
zinc plating bath. After holding at 425°C for 20 seconds, the sample was fan-cooled. This
simulated the cooling rate typical for air jet cooling of a steel strip after zinc plating bath.
Temperatures were monitored with a K-type thermocouple welded to the sample. Figure
2.1 shows the final thermal cycle used for the galvanization simulation as compared to a
typical galvanization thermal cycle reported by CASTRIP. The final galvanization
simulations will be referred to hereafter as continuous annealing at either 760°C or
810°C, indicating the intercritical temperature of the galvanization simulation.

Samples for metallography were mounted on-edge, in Bakelite, with the short-
longitudinal being the plane of polish. Standard metallographic procedures were
employed to incrementally grind and polish. The final polishing utilized 0.05 um
colloidal silica. 2% Nital was used to etch the samples prior to optical microscopy.
ImageJ software was used to quantify the volume fraction of martensite and the grain size

of each phase. Three total measurements were taken for the volume fraction statistics.
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Two hundred total measurements were taken for grain size statistics, with two

measurements per grain of the shortest and longest distance for each grain.
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Figure 2.1. Galvanization simulation cycle applied to CASTRIP steel. A typical thermal

cycle provided by CASTRIP is shown for comparison. The heating rate was slowed by

placing the sample between 2 plates of steel prior to submersion in the molten salt bath.

The samples were air-cooled between the intercritical temperature and the simulated zinc
bath temperature. Fan-cooling was performed to simulate air-jet cooling rates typically

used in industry.

Tensile testing of the material was performed using full size sheet tensile

specimens that were prepared according to ASTM E8. The specimens were pulled at a

strain rate of 0.005 mm/sec, and the strain was measured with a laser extensometer. Each
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value reported is an average of three tests. Rockwell C hardness measurements were
taken in accordance with ASTM E18. Vickers hardness was performed with a Struers
Duramin hardness tester using 4.91 N of force for 10 seconds.

Dynamic strain aging tensile tests at elevated temperatures between 100 and
510°C were performed. Strain rates between 0.00002 and 0.1 s were tested. The strain
rate was calculated by dividing the gauge length of the tensile sample (50 mm) by the
displacement rate of the tensile test. The resulting data was compiled into an Arrhenius
plot.

X-ray diffraction (XRD) measurements were conducted using a PANalytical
X’Pert MPD diffractometer system. The rolling direction of the material was recorded to
determine the relationship between the rolling direction and the texture formation.
Specific 2 theta angles were chosen to measure the {110} and {200} pole figures. Each
sample was scanned through a 90° tilt and a 360° rotation to create a pole figure for the
chosen 2 theta angle. See Figure 2.2 for a graphical explanation of the angles scanned in
relation to the rolling direction. These texture measurements were used to compare the
texture between the as-received CASTRIP steel and CASTRIP steel that was batch
annealed, warm rolled, and continuously annealed.

Prior to testing, the as-received CASTRIP steel was batch annealed and either
cold or warm rolled at 500°C to a 20% reduction. DSC measurements were conducted
using a TA Q600 system. The system was operated under flowing argon gas during the
entire procedure. The samples were slowly heated to 700°C, cooled to 35°C, and reheated

to 700°C. Heat flow and mass of the sample was recorded.
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Rolling Direction

—
270°

Figure 2.2. The angles the sample was rotated and tilted through to create a pole figure
with a constant 2 theta angle. The concentric circles represent the tilt of the sample, with
each angle of tilt rotated through a 360° rotation.
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3. RESULTS

3.1. HOT BAND CHARACTERIZATION AND CARBIDE CALCULATION

The hot band was coiled at 593°C, which resulted in a bainitic microstructure.
Figures 3.1 and 3.2 show low magnification and high magnification images of the as-
received CASTRIP hot band microstructure. Tensile properties for the hot band are
shown in Table 3.1. The steel did not show a distinct yield point, meaning that the steel
exhibits continuous yielding behavior. Figure 3.3 shows the carbide formation calculated
in FactSage using the FSstel database for the first 85% liquid composition. Figure 3.4
shows the same calculation for the last 15% liquid. The two carbide types predicted by
FactSage are M23Ces and MeC carbides. For the last 15% liquid, the composition with
respect to temperature of the M23Cs carbides is shown in Figure 3.5. The MeC carbides
did not show a dependence on temperature. A typical composition for the M¢C carbides

is shown in Table 3.2.

Figure 3.1. Low magnification micrograph of the CASTRIP hot band microstructure.
Examples of prior austenite grains are outlined with red dashed lines.



Figure 3.2. As-received CASTRIP hot band microstructure. The microstructure is
bainitic. Acicular ferrite structures are indicated by red arrows.

Table 3.1. Tensile properties for the as-received CASTRIP hot band. Each value is an
average of three tensile tests.

Material UTS (MPa) | YS (MPa) | Elongation (%)
CASTRIP Hot Band | 1040 663 10.5
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Figure 3.3. Weight percent of M23Ce and MeC carbides predicted by FactSage for the first
85% liquid to solidify.
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Figure 3.4. Weight percent of M23Cs and MeC carbides predicted by FactSage for the last
15% liquid to solidify.
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Figure 3.5. Composition of the M23Cs carbides predicted by FactSage for the last 15%
liquid to solidify.

Table 3.2. Typical composition of the MeC carbides.
Mo Fe C
Weight Percent (%) | 0.75 | 0.22 | 0.024

3.2. INTERCRITICAL REGION

FactSage equilibrium simulations were conducted using the nominal steel
composition provided by CASTRIP. At equilibrium, the Ae; was calculated to be 675°C
and the Aez was calculated to be 825°C. FactSage simulation results (version 7.1, using

FSstel database) are shown in Figure 3.6. Table 3.3 shows a comparison between the
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FactSage simulation and a 30-minute isothermal heat treatment of the CASTRIP hot band
at 700, 725, 770, and 800°C. The percent austenite for each of these experiments was
determined with ImageJ measurements of the volume percent martensite seen in
micrographs taken of the 4 different heat treatment conditions. Based on the isothermal
heat treatments, the intercritical region is approximately 35°C lower than the FactSage
prediction for measurements at 700, 725, and 770°C. At 800°C, the experimental percent

austenite was within 3% of the predicted amount of austenite.
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Figure 3.6. Equilibrium FactSage simulation results. The steel composition was provided
by CASTRIP. The black line (BCC) represents the ferrite present in the microstructure,
and the grey line (FCC) represents the austenite present as the temperature is increased.
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Further investigation of the intercritical region was performed using resistivity
and temperature measurements as the steel was heated to 900°C at a heating rate of 16
C°/sec. The heating rate in the data provided by CASTRIP for a typical galvanization
cycle is 10.3 C°/sec. Four changes in slope for both the temperature data and resistivity
data is depicted by the vertical red lines shown Figure 3.7. The first change of slope at
714°C (1317°F) in the temperature and resistivity data is the Aci temperature. The last
change of slope at 859°C (1578°F) is the Acs temperature. Table 3.4 shows a comparison
between the experimental austenite start and finish temperatures and the FactSage

equilibrium austenite start and finish temperatures.

Table 3.3. Experimental and simulated percent austenite in CASTRIP hot band.

% Austenite |9 Austenite
Temperature (°C) )
(Experimental) | (Factsage)

800 82 79
770 65 50
725 42 17
700 21 7

Table 3.4. Comparison between equilibrium FactSage results and experimental results for
the austenite start and finish temperatures of the CASTRIP hot band.

Critical temperature Factsage Experimental (16C°/s)
Al (°C) 675 714
A3 (°C) 825 859
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Figure 3.7. Voltage and thermocouple data on samples batch annealed at 649°C for 48
hours, cold rolled to a 20% reduction, and inserted into a furnace with an inert argon
atmosphere at 900°C heated at 16°C/sec. The change in slope of the temperature data is
indicated by vertical red lines. This corresponds to the change in slope of the voltage
data. The start and end points of the changes of slope are associated with the Acl and
Ac3 temperature of the material. This method yields an experimental Acl temperature of

714°C (1317°F) and an Ac3 temperature of 859°C (1578°F)

3.3. ISOTHERMAL HEAT TREATMENTS

Figures 3.8, 3.9, and 3.10 show the microstructures of as-received steel (0% cold

reduction), 20% cold reduction, and 65% cold reduction. Each of the three conditions

were subjected to a heat treatment of 725°C for 30 min, followed by quenching in water.
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The microstructure in Figure 3.5 is comprised of type A austenite forming along lath
positions. Figure 3.6 is almost entirely type A austenite, with small amounts of type B
austenite growing along prior austenite grain boundaries. The Type A austenite shown in
Figure 3.6 is thicker than the Type A austenite shown in Figure 3.5 and does not strictly
follow the interlath positioning seen in Figure 3.5. Figure 3.7 is almost entirely type B

austenite.
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Figure 3.8. Longitudinal view of the microstructure produced by heat treating the as-
received steel (0% cold reduction) for 30 minutes at 725°C and quenching in water. The
dark phase (red arrows) is type A austenite that has been transformed to martensite after

guenching. The ferrite matrix is denoted with blue arrows.
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Figure 3.9. Longitudinal view of the microstructure produced by rolling the steel to a
20% cold reduction followed by a 30-minute isothermal heat treatment at 725°C. The
steel was quenched in water after heat treating. Red arrows indicate type A austenite that
has been transformed to martensite after quenching. Type B austenite is indicated with
green arrows. The ferrite matrix is denoted with blue arrows.
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Figure 3.10. Longitudinal view of the dual phase microstructure produced by cold rolling
to a 65% reduction, followed by an intercritical heat treatment of 725°C for 30 minutes.
The light phase is ferrite (blue arrow) and the dark phase is type B austenite that has
transformed to martensite (green arrow).
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Table 3.5 shows the mechanical properties of the isothermal heat treatments of the
CASTRIP hot band at 700°C, 725°C, 775°C, 800°C and 1000°C. Table 3.6 shows the
mechanical properties for steel that was either cold rolled to a 20% reduction or cold
rolled to a 65% reduction prior to heat treatment. With the exception of the 700°C
treatment, cold rolling to a 20% reduction significantly increases the tensile strength and
the yield strength of the steel. Rolling to a 65% reduction showed the best combination of
strength and ductility, and was the only heat treatment that met DP 980 tensile
requirements. The percent martensite formed in these experiments is similar to the values

shown in Table 3.3.

Table 3.5. Mechanical properties of 30 minute isothermal heat treatments of the
CASTRIP hot band.

HRC
Rolling | Heat Treatment UTS YS | Elong.

0% Red. | (MPa) | (MPa) | (%)

1000°C (1832°F)

Quench 343+£1.7 - - -
1000°C (1832°F)

Air-cool 31+59 - - -
800°C (1472°F)

35.3+25| 1095 793 3.9
0% Cold |Quench

Reduction 770°C (1418°F)

Quench 31+£59 1028 729 5.1
725°C (1337°F)
Quench 26.6 5.8 986 719 6.5
700°C (1292°F)

Quench 254+25 929 749 6.2
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Table 3.6. Mechanical properties of isothermal heat treatments for material that was
rolled to a 20% cold reduction and a 65% cold reduction prior to heat treatment.

Rolling Heat Treatment | HRC uTS YS Elongation
(MPa) (MPa) (%)
B0°C (1472°F) 39+0.72 1212 960 2.9
Quench
770°C (1418°F)
20% Cold [Quench 36.1+0.66| 1160 915 4.7
Reduction  [725°C (1337°F)
Quench 2882 1074 776 4.9
700°C (1292°F)
Quench 274+1 911 817 5.9
65% Cold
Reduction [750°C (1382°F) - 1047 596 9.6

3.4. BATCH ANNEALING

Figure 3.11 shows a micrograph of as-received CASTRIP steel that was
subcritically annealed at 649°C (1200°F) for 48 hours. A 48 hour thermal cycle simulated
a typical batch anneal cycle of a hot band coil. The dark areas in the image show the
carbide coarsening throughout the microstructure, both on grain boundaries and at
interlath positions. The batch annealing cycle also resulted in some ferrite
recrystallization. As a result of the subcritical annealing, the cold rolling force was
reduced by approximately 21.5% in comparison to CASTRIP hot band. A 9% cold gauge
thickness reduction required 138 MPa of force for the as-received steel, while a 12% cold
reduction of the batch annealed steel required 108 MPa of force. The difference in

reduction is a result of the rolling mill compliance under different loads.



60

Figure 3.11. Microstructure resulting from batch annealing at 649°C for 48 hours. Instead
of the bainitic structure in the CASTRIP hot band (Figure 3.1 and 3.2), the microstructure
is comprised of a carbide-containing ferrite matrix. Carbide nucleation and growth has
taken place on grain boundaries (blue arrows) and on interlath positions (orange arrows).
Some ferrite recrystallization has taken place (green arrows).

3.5. DYNAMIC STRAIN AGING

Warm rolling was investigated to determine if dynamic strain aging would induce
recrystallization at the maximum 20% reduction imposed by the CASTRIP product.
Figure 3.12 shows the results of a typical tensile test of the CASTRIP hot band at 100°C
at a strain rate of 0.01 s*. At 100°C no dynamic strain aging was observed, as indicated
by the lack of serrations in the stress-displacement curve. Figure 3.13 shows a strong
dynamic strain aging effect for a single tensile test conducted at 300°C at a strain rate of

0.01 s%. Figure 3.14 shows an Arrhenius plot created by compiling the dynamic strain
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aging tests. If dynamic strain aging was observed, it was designated by a green dot on the
plot. If dynamic strain aging was not observed, it was designed by a red dot. The
boundary between the two regions is shown by the black line in the plot. Based upon the
slope of the line in this graph, an activation energy for the onset of dynamic strain aging
was found to be 84 kJ/mol. From this data, it was determined that warm rolling at 500°C
would induce dynamic strain aging in the steel, as that falls well within the region of the

plot where dynamic strain aging is observed.
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Figure 3.12. Tensile results for a test at 100°C at a strain rate of 0.01 s*. The lack of
serrations indicate that no dynamic strain aging has occurred in this sample.
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Figure 3.13. Serrations in the stress-displacement curve 300°C at a strain rate of 0.01 s™.
These serrations demonstrate the dynamic strain aging effect at this specific strain rate
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Figure 3.14. Arrhenius plot of the dynamic strain aging effect in CASTRIP steel. The red

dots indicate a tensile test that did not exhibit dynamic strain aging. The green dots
indicate that dynamic strain aging occurred in that specimen.
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3.6. MECHANICAL PROPERTIES AND MICROSTRUCTURE

Table 3.7 shows the tensile results for steel that was batch annealed, cold or warm
rolled at 500°C to a 20% reduction, and continuously annealed per Figure 2.1. For
comparison, the mechanical properties of steel that was cold rolled to a 20% reduction
and isothermally heat treated at 725°C is shown at the top of the table. Each of the tensile
results reported in Table 3.7 is an average of three tensile tests. The material that was
warm rolled in dynamic strain aging conditions prior to the continuous annealing at
810°C did not exhibit significantly different mechanical properties from the cold rolled
steel. Steel that was batch annealed, cold or warm rolled to a 20% reduction, and
continuously annealed produced mechanical properties that met ASTM A1079 criteria for
DP 980 steel.

Figure 3.15 shows the microstructure for the CASTRIP hot band that was
continuously annealed at 760°C. The continuously annealed CASTRIP hot band
microstructure shows Type A austenite formation, with a very small amount of Type B
austenite formation. Figure 3.16 shows the microstructure for steel that was batch
annealed at 649°C for 48 hours, cold rolled to a 20% reduction, and continuously
annealed at 810°C. Instead of Type A austenite formation, the microstructure in Figure
3.16 shows Type B austenite as the primary form of austenite. Figure 3.17 shows the
microstructure produced that was batch annealed at 649°C for 48 hours, warm rolled at
500°C to a 20% reduction, and continuously annealed at 810°C. The microstructure in
Figure 3.17 is very similar to the microstructure displayed in Figure 3.16. Both
thermomechanical processes produce primarily type B austenite. Qualitatively there

appears to be less type A austenite in the warm rolled steel than there is in the cold rolled



steel. However, this does not appear to have a significant impact on the mechanical

properties.

Table 3.7. Tensile results from final iterations of annealing, rolling, and continuous
annealing. Best isothermal heat treatment results are added for comparison
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UTS YS Total | Unif.
Sample and Heat Treatment (MPa) | (MPa) | Elong. |Elong.
(%) | (%)
0% Cold Roll, 725°C (1337°F) for 30 min, )
Quench 986 719 6.5
0 o o i
20% Cold Roll, 725°C (1337°F) for 30 min, 1074 776 49 )
Quench
65% Cold Roll, 750°C (1382°F) for 30 min,
Quench 1047 596 9.6 -
48 hrs at 649°C (1200°F)
No Reduction, Cont. Anneal at 810°C (1490°F) 842 631 10
48 hrs at 649°C (1200°F)
20% Cold Roll, Cont. Anneal at 810°C (1490°F) 1038 744 86 6
48 hrs at 649°C (1200°F),
20% Warm Roll, Cont. Anneal at 810°C 1030 736 8.9 6
(1490°F)
CASTRIP Hot Band
Cont. Anneal at 760°C (1400°F) 1123 1 790 96 )
CASTRIP Hot Band
Cont. Anneal at 810°C (1490°F) 968 672 38 )
ASTM A1079: DP 980 Min Min Min 8 i
980 550
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Figure 3.15. Microstructure resulting from continuous annealing CASTRIP hot band with
an intercritical temperature of 760°C (S-L). A very small amount of Type B austenite
(orange arrows) has nucleated on prior austenite grain boundaries. Type A (blue arrows)
austenite has nucleated and grown on carbides and interlath positions. Dark spots (green
arrows) indicate that either the carbides are not entirely dissolved in the continuous
annealing process.

Image J analysis for the steel that was batch annealed, 20% cold rolled, and
continuously annealed showed the mean ferrite grain size to be approximately 3.5 um.
The average martensite island diameter was found to be approximately 1.7 um. The
volume percent of martensite is approximately 60%. Steel that was batch annealed, 20%
warm rolled, and continuously annealed had a mean ferrite grain size of approximately
3.8 um. For this steel, the average martensite island diameter was approximately 1.7 um

and the volume percent of martensite is 61%.
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Figure 3.16. Microstructure resulting from batch annealing at 649°C (1200°F) for 48hrs,
cold rolling to a 20% reduction, and continuous annealing at 810°C (S-L). Type B
(orange arrows) and Type A (blue arrows) austenite has nucleated and grown on carbides
and interlath positions, as well as grain boundaries. Dark spots (green arrows) indicate
that either the carbides are not entirely dissolved in the continuous annealing process.

Figure 3.17. Microstructure resulting from batch annealing at 649°C (1200°F) for 48hrs,
warm rolling to a 20% reduction, and continuous annealing at 810°C (S-L). Type B
(orange arrows) and Type A (blue arrows) austenite has nucleated and grown on carbides
and interlath positions, as well as grain boundaries. Dark spots (green arrows) indicate
that either the carbides are not entirely dissolved in the continuous annealing process.
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3.7. TEXTURE ANALYSIS

Figure 3.18 compares the {110} pole figure between (a) CASTRIP hot band, (b)
steel that was batch annealed, warm rolled at 500°C to a 20% reduction and continuously
annealed at 810°C, and (c) steel that was cold rolled to a 65% reduction and isothermally
heat treated at 750°C for 30 minutes. Although there is clearly some texturing in (a) and
(b), the majority of the grains are randomly oriented. The texture seen in the {110} pole
figures is a partial y fiber, with the maxima close to the idea texture of {111}<112>, a
common texture in rolled and recrystallized steels. Another component that is represented
is the cubic {100}<110> texture as seen in the 200 pole figures (Figure 3.19). No
significant difference was observed between the CASTRIP hot band and the steel that
was batch annealed, warm rolled at 500°C to a 20% reduction and continuously annealed
at 810°C. However, the steel that was cold rolled to a 65% reduction and isothermally
heat treated at 750°C for 30 minutes shows a much stronger y fiber running from
{111}<110> to {111}<112>.

Figure 3.20 shows the Vickers hardness results across the width of a sheet that
was cold rolled to a 20% reduction and a sheet warm rolled at 500°C to a 20% reduction.
There is an approximate average increase of 10 Vickers from the cold rolled sheet to the
warm rolled steel. This converts to an increase of 1.2 HRC.

Figure 3.21 shows the differential scanning calorimetry results for steel that was
batch annealed at 649°C for 48 hours and cold rolled to a 20% reduction. Figure 3.22
shows the differential scanning calorimetry results for steel that was batch annealed at
649°C for 48 hours and warm rolled at 500°C to a 20% reduction. The area between the

curves of the cold rolled sample is approximately 2.7 mW/mg. The area between the
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curves of the warm rolled sample is approximately 11 mW/mg. Figure 3.23 shows the
difference curves of the two different conditions. This visually represents the difference

in heat evolved between the two different processing conditions.

Figure 3.18. A comparison of {110} pole figures for the CASTRIP hot band (a), batch
annealed, warm rolled, and continuously annealed at 810°C (b). The steel was also cold
rolled to a 65% reduction and isothermally heat treated at 750°C for 30 minutes (c). For
(a) and (b), peaks in intensity are at an angle of approximately 30° and are indicated by
red contour lines. This indicates there is a partial y fiber present, with a maxima at a
{111}<112> orientation.

(@) (b) (©)

Figure 3.19. A comparison of {200} pole figures for the CASTRIP hot band (a) ), batch
annealed, warm rolled, and continuously annealed at 810°C (b). The steel was also cold
rolled to a 65% reduction and isothermally heat treated at 750°C for 30 minutes (c). In (a)
and (b), there is a mild cubic texture present. The lack of a {111}<112> peak in (a) and
(b) indicates that the y fiber is also very mild.
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Figure 3.20. Vickers hardness results across the width of a sheet of cold rolled steel and a

Heat Flow (mW/mg)

sheet of warm rolled steel. The center of the sheet is designated as 0.
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Figure 3.21. Differential scanning calorimetry results for heat flow of the batch annealed
and cold rolled steel.
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Figure 3.22. Differential scanning calorimetry results for heat flow of the batch annealed
and warm rolled steel.
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Figure 3.23. Difference curves comparing the differential scanning calorimetry results
for heat flow of the batch annealed and either cold or warm rolled steel.




71

4. DISCUSSION

4.1. FINAL THERMOMECHANICAL PROCESSING CYCLE

CASTRIP hot band tensile properties meet ASTM A1079 DP 980. Since the
microstructure is bainitic, it is not considered dual phase steel. Continuously annealing
CASTRIP hot band at an intercritical temperature of 760°C also met DP 980
requirements, as recorded in Table 3.7. Figure 3.16 and Figure 3.17 show that batch
annealing and warm or cold rolling to a 20% reduction prior to continuously annealing
qualitatively improved the percentage of Type B austenite present in the steel. However,
the continuously annealed CASTRIP hot band showed a superior tensile strength and
elongation in comparison to the steel that was batch annealed and cold or warm rolled to
a 20% reduction prior to continuous annealing at 810°C (Table 3.7). Although continuous
annealing at 760°C of the CASTRIP hot band formed almost entirely Type A austenite,
the austenite formation remained discrete. This discrete austenite formation caused the
increase in ductility seen between the CASTRIP hot band that was isothermally heat
treated at 725°C and the CASTRIP hot band that was continuously annealed at 760°C.

A lower intercritical temperature of 760°C was required for continuously
annealing the CASTRIP hot band in comparison to continuous annealing the
thermomechanically processed steel at 810°C. Continuous annealing the CASTRIP at
810°C showed an elongation of 3.8%, in contrast to the 9.6% elongation produced by
continuously annealing the hot band at 760°C as recorded in Table 3.7. The decrease in
elongation indicates that it is possible that the martensite structure had become

interconnected at an intercritical temperature of 810°C. This is likely due to a change in
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austenite formation kinetics, since the starting microstructure of the CASTRIP hot band
is bainitic, while the starting microstructure of the thermomechanically processed
material was a carbide-containing ferrite matrix. Research by Speich et al. shows that the
dissolution of pearlite is very rapid during austenite growth, and grain growth slows once
the austenite begins growing into the ferrite matrix as a result of the carbon diffusion path
increasing in distance [88]. If the carbides become alloyed during the subcritical heat
treatment, these carbides will dissolve much slower than the carbides formed in the
CASTRIP hot band, causing the austenite to grow more quickly in the CASTRIP hot
band.

Cold rolling the batch annealed steel to a 20% reduction prior to continuous
annealing at 810°C will increase the tensile strength by 196 MPa and the yield strength
by 113 MPa in comparison to heat treating the batch annealed steel without any
reduction. The four isothermal heat treatments also show an increase in the tensile
strengths and the yield strengths, as reported in Tables 3.5, 3.6, and 3.7. The difference in
strength between the two conditions is caused by the more globular austenite formation
as a result of additional nucleation sites created by cold rolling to a 20% reduction. The
difference in microstructure can be seen in Figure 3.5 and Figure 3.6. The decrease in
ductility in the steel cold rolled to a 20% reduction prior to isothermally heat treating at
725°C for 30 minutes is likely due to the interconnected austenite formations along prior
austenite grain boundaries as recorded in Figure 3.6. This agrees with the work of He et
al. and Kim and Thomas, who found that an interconnected martensite structure showed a

significantly lower elongation than microstructures with discrete martensite [77, 78].
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Cold rolling CASTRIP hot band to a 65% reduction and isothermally heated
treating showed that a dual phase microstructure with discrete Type B martensite islands
can be achieved. As a result of the Type B austenite formed, these samples had the best
combination of strength and ductility. The yield strength for this steel was 596 MPa,
which is approximately 145 MPa less than the yield strength produced by the other
thermomechanical processes that met DP 980 mechanical property standards. Reducing
the yield strength of the steel is desirable if the steel will be subject to additional forming,
since it will reduce the force needed to form a given part. Pole figures of the steel that
was cold rolled to a 65% reduction and isothermally heat treated at 750°C for 30 minutes
contain a significant y-fiber. This is expected, based upon the discussion of texture in
section 1.2.7.

CASTRIP hot band is 1.5 mm thick (0% reduction). At a 65% reduction, the steel
is 0.6 mm thick. Tensile results for 65% reductions may not be comparable to samples of
the 20% or 0% reductions. Reducing the thickness of the sample can reduce the strength
and ductility of the material if the ratio of sample size to grain size becomes significant.
According to the work of Suh et al., in aluminum tensile specimens the mechanical
properties begin to decrease in aluminum samples at a thickness to grain size ratio of 40
[120]. The ratio of grain size to sample thickness for the 65% cold rolled and heat-treated
steel is approximately 180. Since this ratio is significantly higher than the ratios reported
by Suh et al., it is not possible to confidently say whether the sample thickness to grain
size ratio affected the tensile results. At sample thicknesses below 1 mm, Suh et al. also
found that the surface roughness of the sample had a significant effect on the tensile

properties [120]. Typically elongation is the most adversely affected material property in
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thin samples, since surface irregularities will cause early neck formation and a reduced
ultimate tensile strength. Thus, it is possible that a thicker sample size of the 65% cold
rolled and isothermally heat-treated steel may exhibit greater elongations to failure and
higher ultimate tensile strengths than those reported in Table 3.7.

Research by Fonstein shows that a dual phase microstructure with 60% martensite
has a tensile strength of 1000 MPa and a yield strength of 770 MPa [47]. This is
comparable to the tensile strength of 1038 MPa and yield strength of 744 MPa found for
the CASTRIP steel that was batch annealed, cold rolled to a 20% reduction, and
continuously annealed at 810°C. For a 60% martensite steel, Fonstein predicts that there
will be a uniform elongation of 4%, while the processed CASTRIP steel had a uniform
elongation of 6%. This increase in uniform elongation is likely due to the small grain size
of the CASTRIP steel. The work of Lanzillotto and Pickering suggests that decreasing the
grain size of dual phase steel increases the formability of the steel [79], which would also
increase the uniform elongation of the steel.

As discussed in section 1.2.9, Gorni developed equations to predict the
mechanical properties of steel based upon the grain size and martensite volume fraction
of the steel. However, there is a grain size domain for Gorni’s equations. For example, a
ferrite grain size of 4 um is predicted by Gorni to have a uniform elongation of 0%. Since
the grain size of the processed CASTRIP steel is less than 4 um, Gorni’s equation are not
applicable.

4.1.1. Intercritical Region. Isothermal heat treatments showed the intercritical
region to be approximately 35°C lower than FactSage equilibrium simulations of 700,

725, and 700°C. At 800°C it is possible that austenite growth into the ferrite is still
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controlled by manganese diffusion. After the initial carbide dissolution takes place,
austenite formation controlled by manganese diffusion takes between 4 and 24 hours to
reach completion [88]. Thus, it is likely that given more time, the 800°C isothermal heat
treatment would also show an increased amount of austenite.

In comparison to the isothermal heat treatments, the resistivity experiments
indicated the intercritical region increased in temperature by approximately 70°C. This
heating rate is comparable to the heating rate provided by Nucor for a continuous
annealing thermal cycle. The increase in intercritical region demonstrates that the
intercritical temperature in the steel is sensitive to the heating rate. Thus, when designing
continuous annealing cycles for CASTRIP hot band, the heating rate must be considered
when choosing an appropriate intercritical temperature.

4.1.2. Development of Batch Annealing. Nucleation sites for type B austenite
are typically created by cold rolling the steel to reductions between 50% and 75% [62,
63]. Metallography and tensile results of the CASTRIP steel rolled to a 65% reduction,
isothermally heat treated for 30 minutes and quenched, show that it is possible to produce
type B austenite in a ferrite matrix that meets ASTM A1079 DP 980 standards (Figure
3.10). However, due to the starting thickness of CASTRIP steel (~1.5mm), the CASTRIP
process is limited to a 20% cold reduction. A 20% cold reduction of the CASTRIP hot
band is not sufficient to provide nucleation sites for type B austenite formation in these
samples.

Another method of providing nucleation sites was explored, since cold rolling
CASTRIP steel to reductions greater than 20% was not an option Austenite is known to

preferentially nucleate on carbides [116]. To grow carbides in the microstructure, batch
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annealing at 649°C for 48 hours was added to the beginning of the thermomechanical
processing cycle. Metallography shows this created a significant number of carbides
within the microstructure that could serve as nucleation sites for discrete type B austenite
(Figure 3.11). The intercritical temperature for continuously annealing the batch annealed
steel was increased by 40°C to compensate for the change in carbide from cementite to
alloy carbide due to batch annealing. Batch annealing reduced the yield strength of the
steel by approximately 150 MPa, which decreased the rolling force by 21.5%.

4.1.3. Texture and Dynamic Strain Aging. Previous research indicates that
CASTRIP steel has a randomly orientated texture [116]. Thus, to improve the drawability
of CASTRIP steel, improvements to the texture must be made. Steel textures are
normally improved by cold rolling to significant reductions. For example, mild steels are
commonly cold rolled up to a 90% cold reduction, and dual phase steels are commonly
cold rolled between 50 and 75%. This aligns the maximum percentage of grains to an
orientation that is favorable for drawability. Pole figures of the steel that was cold rolled
to a 65% reduction and isothermally heat treated at 750°C for 30 minutes contain a
significant y-fiber (Figures 3.18 and 3.19). However, since CASTRIP is limited to 20%
cold reduction, other methods must be utilized. In this study, rolling in dynamic strain
aging was investigated as a possible method for increasing the y-fiber intensity.

The onset activation energy of dynamic strain aging in CASTRIP steel was found
to be 84 kJ/mol. Research shows that the activation energy for carbon diffusion in ferrite
is 82 kJ/mol [119]. Thus, dynamic strain aging in the CASTRIP steel used in this study is
likely controlled by carbon diffusion. Dynamic strain aging is typically avoided in normal

rolling practices, since it can produce heavy shear banding. Dynamic strain aging at high
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reductions typically accommodates deformation in the steel without rotating the grains to
favorable orientations [30, 31]. At the low reductions, it is possible that the extra work
created by dynamic strain aging will continue to rotate the grains of the steel instead of
producing shear bands.

Warm rolling the steel at 500°C (dynamic strain aging conditions) to a 20%
reduction was compared to cold rolling to a 20% reduction. Tensile properties for this
experiment do not show a significant difference between the warm rolled and cold rolled
steel that was continuously annealed. XRD pole figure results show an essentially
randomly oriented structure for both experiments (Figures 3.18 and 3.19). However, both
Vickers hardness measurements and differential scanning calorimetry results show an
increase in hardness and heat flow for the warm rolled steel. This indicates that more
work has been put into the steel by rolling in dynamic strain aging conditions. Since the
XRD pole figure results indicate that the texture pattern did not change, it is likely that
this additional work has been accommodated by the creation of shear bands. However, a
careful study of warm rolling at low to medium reductions is needed to verify the precise
deformation mechanism present in the steel.

4.1.4. Future Work. Future work for this project should seek to fully understand
the difference between cold rolling and rolling in dynamic strain aging conditions at low
reductions. This goal could be achieved by combining multiple partial pole figures to
form an Orientation Distribution Function (ODF) plot, which would decisively determine
whether rolling in dynamic strain aging conditions improves the texture of the steel when
compared to cold rolling. Characterization of the shear bands formed during cold rolling

and rolling in dynamic strain aging conditions would also improve the conclusions of this
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study. Finally, the effect of bake hardening between 170 and 200°C on the mechanical
properties of the steel should be investigated. A good understanding of the effect of bake
hardening (thermal cycles necessitated by painting procedures) will be needed to assess

the viability of using CASTRIP steel in the automotive industry.
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5. CONCLUSION

This study shows four different thermomechanical processing routes to produce
dual phase steel that meets ASTM A1079 DP 980 mechanical property standards from
CASTRIP hot band. The first process that met DP 980 standards was cold rolling to a
65% reduction and isothermally heat treating. The second process was continuously
annealing CASTRIP hot band at an intercritical temperature of 760°C. The third and
fourth process began with batch annealing the CASTRIP hot band at 649°C for 48 hours
to grow carbides throughout the microstructure. After batch annealing, the steel was cold
or warm rolled to a 20% reduction and continuously annealed at an intercritical
temperature of 810°C.

CASTRIP is limited to a 20% reduction, which limits the texture improvement
that can be achieved by cold rolling. To improve the texture of the steel, rolling in
dynamic strain aging conditions was investigated. Tensile properties and XRD pole
figure results did not show a significant difference between the warm rolled steel, and the
CASTRIP hot band. However, Vickers hardness tests and differential scanning
calorimetry tests did show that the warm rolling steel resulted in more work than the cold
rolling steel. Based upon the XRD pole figure results, it appears that warm rolling did not
rotate the grains further than cold rolling. A conclusive study on whether warm rolling at
low to medium reductions rotates grains further than cold rolling is a topic for additional

research.
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