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ABSTRACT 

The mechanical behavior of Metallic Nanolayered Composites (MNCs) is 

governed by their underlying microstructure. In this dissertation, the roles of the interlayer 

spacing (grain size, d) and the intralayer biphase spacing (layer thickness, h) on mechanical 

response of Cu/Nb MNCs are examined by Molecular Dynamics (MD) simulations.  

The study of the strength of MNCs show that small changes in both d and h play a 

profound role in the relative plastic contributions from grain boundary sliding and 

dislocation glide. The interplay of d and h leads to a very broad transition region from grain 

boundary sliding dominated flow, where the strength of the material is weak and insensitive 

to changes in h, to grain boundary dislocation emission and glide dominated flow, where 

the strength of the material is strong and sensitive to changes in h. The study of the fracture 

behavior of MNCs shows that cracks in Cu and Nb layers may exhibit different propagation 

paths and distances under the same external loading. Interfaces can improve the fracture 

resistance of the Nb layer in Cu/Nb MNCs by providing mobile dislocation sources to 

generate the plastic strain at the crack tip necessary for crack blunting. Increasing the layer 

thickness can further enhance the fracture resistance of both Cu and Nb layers, since the 

critical stress for activating dislocation motion decreases with increasing the layer 

thickness. A novel atomistic-informed interface-dislocation dynamics (I-DD) model has 

been developed to study Metal-Ceramic Nanolayered Composites (MCNCs) based on the 

key deformation process and microstructure features revealed by MD simulations. The I-

DD predicted results match well with the prior experimental results where both yield stress 

and strain hardening rate increase as the layer thickness decreases. This I-DD model shows 

great potential in predicting and optimizing the mechanical properties of MNCs.  
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SECTION  

1. INTRODUCTION 

1.1. METALLIC NANOLAYERED COMPOSITES  

Novel materials with better properties than the most advanced materials today are 

always desirable. Metallic Nanolayered Composites (MNCs) are one of the few 

nanostructured materials that exhibit a multitude of attractive structural and functional 

properties, including high strength, ductility, hardness, radiation resistance, fatigue 

resistance and good thermal stability 1-4. Similar to the nanostructure bainite 5, MNCs have 

a plate-like microstructure and the scale of the microstructure achieved is very fine (layer 

thickness is below 40 nm). Very recently, advanced manufacturing methods have been 

employed to fabricate the MNCs in substantially larger sizes (above 10 millimeter), 

suitable for shaping them into macro-scale structures, enabling exploitation of their 

exceptional suite of properties in a broader range of applications 6,7.  

 

 

Figure 1.1. (a) Schematic of the ARB process for top–down synthesis of MNCs 8. (b) 

Bulk Cu/NB MNCs produced by ARB process 9. 
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In general, MNCs can be produced by two methods: a Physical Vapor Deposition 

(PVD) technique and Accumulated Roll Bonding (ARB) processes 2,10,11. Both methods 

can produce two-dimensional planar nanocomposites with a specific phase size down to 

the nanoscale. A PVD method utilizes a bottom-up process to generate a sample in the 

form of thin films. As shown in Figure 1.1, the ARB processes are achieved by repeatedly 

rolling, sectioning, stacking, bonding and rerolling and produces the sheet material in bulk 

form 8,9, which makes this method more commercially adaptable to production. 

1.2. INTERPHASE BOUNDARIES OF MNCS   

The mechanical properties of MNCs are significantly influenced by the interphase 

boundaries. Interphase boundaries can act as sinks, sources or the barrier for defects, e.g. 

dislocations and vacancies. There are two types of interphase boundaries in MNCs. One 

type of the interphase boundary exists when the two phases have the same crystallographic 

structure. A dislocation can transmit the interphases boundary from one phase to another 

phase by overcoming the high coherent stress in the interphases boundary since the slip 

system is exactly the same for the two phases and continues in this interphase boundary 

12,13. Cu/Ni MNCs contain these types of interphase boundaries. Both phases of Cu/Ni 

MNCs belong to the Face Centered Cubic (FCC) system and the lattice parameter for these 

two phases are close to each other (3.615 Angstrom and 3.52 Angstrom). Another type of 

the interphase boundary exists when the two phases have different crystal structures, e.g. 

the Cu/Nb MNCs where Nb is Body Centered Cubic (BCC). Interfacial misfit dislocations 

are needed to remove incompatibilities between two different slip systems 12,14.  A 

dislocation is difficult to transmit the interphase boundary since the slip system in each 

phase is discontinuous at the boundary. The two phases can adopt a classical Kurdjumov-
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Sachs (KS) or a Nishiyama-Wasserman (NW) Orientation Relationship (OR) for MNCs 

with FCC and BCC systems in each layer, e.g. the Cu/Nb MNCs. As characterized by 

diffraction techniques and Transmission Electron Microscopy (TEM), Cu/Nb MNCs 

produced by the ARB processes generally adopt the {112} KS OR, while Cu/Nb MNCs 

produced by a PVD method generally adopt the {111} KS OR or the NW OR 15,16. For a 

{112} KS OR, the interface plane (IP) is {112}fcc||{112}bcc and 〈111〉fcc||〈110〉bcc in-

plane. For a {111} KS OR, the IP is {111}fcc||{110}bcc and 〈112〉fcc||〈112〉bcc in-plane. 

For a NW OR, the IP is {111}fcc||{110}bcc and 〈110〉fcc||〈001〉bcc in-plane. 

1.3. MECHANICAL PROPERTIES OF MNCS    

The layer thickness of MNCs plays a significant role in determining the 

deformation mechanism. The layer thickness size effect on the strength of the MNCs has 

been observed experimentally and computationally, and these results indicate that the 

deformation mechanism varies with different length scales 17,18. Figure 1.2 illustrates the 

relationships between the layer thickness and deformation mechanisms. When the layer 

thickness varied from microns to hundreds of nanometers in region 3 (Figure 1.2), the 

strength of the MNCs can be predicted by a traditional Hall-Petch relationship 17.  This is 

because the spaces between the interfaces are large enough to accommodate the dislocation 

pile-up. Therefore, the interphase boundary works the same as a high angle grain boundary 

18. A Hall-Petch relationship states that as the grain size decreases, the yield strength 

increases. When it comes to the MNCs with the layer thickness in region 3, the yield 

strength is inversely proportional to the square root of the layer thickness (h).  

  𝜎𝑦𝑠 = 𝜎0 + 𝑘ℎ−0.5                                                   (1.1) 

where k is the Hall-Petch slop and 𝜎0 is the lattice fraction stress to slip. 



4 

 

The pile up of dislocations becomes more difficult as the layer thickness decreases 

below 100 nanometers. Therefore, a Hall-Petch relationship does not work. Instead, 

another mechanism commonly referred as Orowan bowing occurs. A threading dislocation 

with a hairpin configuration glides in a phase between two interphase boundaries and 

contributes most of the plasticity. The stress required to glide a threading dislocation can 

be defined as the critical stress.19 A model called Confined Layer Slip (CLS) can be used 

to predict the critical stress 18.  

𝜏𝐶𝐿𝑆 =
𝜇𝑏 𝑠𝑖𝑛 𝜑

8𝜋ℎ
(
4−𝑣

1−𝑣
) ln

𝛼ℎ

𝑏 𝑠𝑖𝑛 𝜑
                                    (1.2) 

where h is the film thickness, μ is the shear modulus, ν is the Poisson’s ratio, φ is the angle 

between a slip plane and a interface plane, b is the Burgers vector, and α represent the 

dislocation core cutoff parameter (Low values of α imply a wide dislocation core). From 

this equation, the critical stress dependence on layer thickness is proportional to ln(h)/h.  

 

 

Figure 1.2. Schematic showing dependence of yield strength of MNCs on the individual 

layer thickness. 
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The CLS model may overestimates the yield stress as the layer thickness is reduced 

to few nanometers. Transmission of dislocations across the interphase boundary may also 

be possible. In addition, the interaction between interface misfit dislocations plays a 

significant role in determining the deformation behavior since the density of interphase 

boundary will become extremely large as a layer thickness down to a few nanometers is 

produced.  

1.4. LITERATURE REVIEW AND MOTIVATION    

A large number of studies over the past decade involving in-situ TEM, X-ray 

diffraction, atomic-scale modeling, and dislocation theory, have been devoted to 

understanding how interfaces affect dislocation motion in strained MNCs 14,20-27. Many 

theories and atomistic simulations have shown that the interfaces can act as sources, sinks, 

barriers, and/or storage sites for dislocations and deformation twins.14,22-24 

 

 

Figure 1.3. (a) Nucleation of a single Shockley partial dislocation loop when the bi-

crystal model is subjected to in-plane tension. This loop was induced by stress 

concentrations in the interface generated around a misfit under the applied strain state, (b) 

plan view of the interface showing the intersection lines formed between three Cu 
{111} slip planes and the {111} plane of the interface.8 
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The interphase boundary types are associated with an interface formation energy 

and a low interface energy leads to a more stable interface. Fabrication methods, e.g. the 

PVD method and the ARB processes, can influence the interphase boundary type. An 

atomistic simulation indicated that the formation energy of {112} KS Cu/Nb interphase 

boundaries are about 850 mJ/m2 and the formation energy of {111} KS Cu/Nb interphase 

boundaries are about 580 mJ/m2 28-30.  Both experimental and modeling work indicates that 

Cu/Nb interphase boundaries are weak and may be sheared easily because of the low shear 

strength relative to the layers 15. Atomistic simulations show that the interface shear is 

associated with the interface type (e.g. {111} KS,  {112} KS and NW) or the interface 

shape (e.g. flat and curved). A {111} KS Cu/Nb interface is relatively flat compared to a 

{112} KS Cu/Nb interface, which make it easier to shear 28,31. The dislocation nucleation 

process as well as the relationship between dislocation nucleation and interface pattern in 

MNCs have been studied by many atomistic simulations as shown in Figure 1.3 8,23. A 

misfit dislocation in the interphase boundary would be nucleated into a layer when the 

resolved shear stress for dislocation slip system is exceeds a critical value 32-34. A 

dislocation in the phase would tend to glide within the phase and deposits dislocations in 

the interphase boundary since the energy for a dislocation to transmit across the interface 

is high, 35.  

In some experimental studies a limit value of the critical layer thickness, hc, has 

been reported below which strength no longer increases but plateaus or drops with the 

decreasing of layer thickness 20,22,26,27. Using dislocation theory, the highest strength of 

MNCs has been postulated to occur at the crossover from confined layer slip to slip transfer 

across the bi-phase boundaries 18. Yet, whether or not a limiting hc is found, the reported 
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sensitivity of MNCs strength to h can vary among studies on similar MNCs 6. Much of the 

variability can be attributed to different choices of strength measures, either yield or peak 

strength in tension or compression, or indentation hardness, or to processing-induced 

variations in the microstructure, such as texture or the in-plane sizes of the grains d within 

the nanocrystalline (NC) layers 36.  It, therefore becomes apparent that understanding the 

role that interfaces, the interface boundaries density, and spacing play in affecting 

dislocation motion, and therefore strength, would help in rationalizing these results.  

 

 

Figure 1.4. (a) Bright field TEM micrograph, (b) corresponding selected area diffraction 

pattern of a sputter-deposited 75 nm Cu/75 nm Nb MNCs, and (c) schematic illustration 

of the texture, with the arrows denoting the in-plane Kurdjumov–Sachs directions,

〈1 1 1〉 Nb//〈1 1 0〉Cu, for each of the columnar Cu/Nb grain pairs 2. 

 

 

One prominent nanostructural feature that is missing in most studies is the 

nanocrystalline grain structure of the individual layers as shown in Figure 1.4. Two length 

https://www.sciencedirect.com/topics/materials-science/diffraction-pattern
https://www.sciencedirect.com/topics/materials-science/diffraction-pattern
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scales, therefore, should be used to describe nanocrystalline MNCs:  h the mean distance 

between interfaces (IFs) and the grain size d, defined as the mean in-plane distance between 

adjacent Grain boundaries (GBs). Collecting knowledge gained from studies in either NC 

materials or MNCs indicates that both GBs and IFs would greatly affect the dynamics and 

kinetics of dislocations in strained materials. To date, few calculations or theories have 

been reported to understand the coupled effect of GBs and IFs on the deformation of MNCs. 

A majority of the Molecular Dynamics (MD) work that connects grain boundary affected 

dislocation motion, nanograin size, and strength pertain to single-phase nanocrystalline 

(NC) metals 36-39.  Most MNC modeling studies treat the layers as single crystalline and 

not as NC 14,20-22. Recently, Zhu et al.26,27 investigated size effects in polycrystalline MNCs 

by MD simulations and found that the micro-plasticity deformation can be dominated by 

several possible dislocation mechanisms, e.g. gliding of partial dislocation versus gliding 

of full dislocation. While both length scales h and d could be feasibly altered in 

manufacturing, and values for h and d needed to achieve the highest yield or flow strength 

are not known. Key questions need to be addressed: Which length scale, h or d, dominates 

and controls the peak strength or the onset of softening? Is it plausible to believe that the 

finest length scale, the one that is the closest in length scale to the dislocations, would be 

the one that controls strength behavior of the material? To date, there are no calculations 

or theories that consider the coupled roles in deformation to confirm or deny that the finest 

length scale would controls strength behavior of the material or any notion regarding the 

coupled effect of grain boundaries and interfaces on dislocation nucleation and motion.  
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Figure 1.5. Two kind of fraction model found by Zhang at el. 42 with different layer 

thickness and layer thickness ratio. (a) Opening fracture model with larger layer 

thickness; (b) Shear fracture model with small layer thickness. 

  

 

 

Figure 1.6. Four crack hindrance processes during crack propagation found by Hattar et 

al.41. (a) micro-void; (b) crack deviation: (c) layer necking; (d) crack blunting. 
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Another important mechanical property for MNCs is their ductility. The interfaces 

in MNCs not only influence the strength but also affect the ductility property and the 

fracture mechanism. To explore the fracture mechanisms in MNCs, Zhu et al. 40 examined 

the deformation zone ahead of the crack tip in the Cu/Ta MNCs and revealed a critical 

layer thickness, below which the fracture mode of the MNCs tends to be a shearing failure.  

Zhang et al. 42 studied the fracture behavior of Cu/Nb and Cu/Zr. Their experimental results 

demonstrated that as the layer thickness of the Cu layer decreased below 60 nm the fracture 

mode transitioned from brittle fracture (characterized by low ductility) to shear fracture as 

shown in Figure 1.5. Based on their experiment results, Zhang et al. claimed that the 

transition of fracture modes is dominated by the constraint of the soft Cu layer on the brittle 

Nb or Zr layer. Hattar et al. 41 demonstrated four fracture steps (crack deviation, layer 

necking, micro-void formation and crack blunting) during the crack propagation in Cu/Nb 

by using an in-situ transmission electron microscopy straining test as shown in Figure 1.6. 

Liang et al. 43 performed tensile tests on Cu/Ni MNCs and revealed a transition of fracture 

modes from necking-inhibited brittle mode to necking-delayed ductile mode as the Ni layer 

thickness decrease from 90 to 40 nm. However, it is still unclear how the interface in MNCs 

affects the fracture mechanism of MNCs and how the crack interacts with the interface 

under external loading. 

1.5. DISSERTATION OBJECTIVES    

An atomistic simulations can reveal the underling atomic scale deformation 

processes in metallic systems and then shed light onto the deformation and failure 

mechanisms in nanostructured materials. The primary objective of this research is to use 

the atomistic simulations to study the effect of the interface, the layer thickness and the 
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layer grain size on the mechanical responses of MNCs. Firstly, MD simulations are applied 

to study the deformation of Cu/Nb MNCs and explore which length scale, the layer 

thickness or the grain size, dominates and controls the peak strength or the onset of 

softening and how they influence the strength. Secondly, MD simulations are applied to 

explore the fracture behavior of Cu/Nb MNCs and study effects of the interface, the layer 

thickness and grain boundaries.  

The Three-Dimensional (3-D) Discrete Dislocation Dynamics (DDD) model is 

used for exploring the plastic deformation of metallic systems at both nano and micro-

scales 66-74. It should be noted that the 3-D DDD model has not yet been applied to the 

study of the mechanical response of nanolayered composites. Finally, a novel atomistic-

informed interface-dislocation dynamics (I-DD) model is developed to study the 

nanolayered composites. 
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2. MOLECULAR DYNAMICS FUNDAMENTALS 

2.1. INTRODUCTION OF MOLECULAR DYNAMICS    

Atomistic modeling of materials can be performed by either Density Functional 

Theory (DFT) or by Molecular Dynamics (MD).  A DFT model is preferred when length 

scales are less than 10 nm whereas an MD is used for predicting material behavior on length 

scales that range from 1-2 angstroms to 100 nm. The MD method is useful for studying 

deformation of both crystalline and non-crystalline materials.  For crystalline materials, as 

will be presented here, the MD is used to model dislocation nucleation, multiplication, and 

interaction with grain boundaries and other dislocations during deformation.  An MD 

model consists of a three-dimensional space with a coordinate system where atoms are 

located with local symmetry describing a specific crystal structure at absolute zero 

temperature, e.g. Face Centered Cubic (FCC), Body Centered Cubic (BCC), etc. This space 

is often referred to as the simulation box. An empirical atomic potential function is then 

assigned to each atom as part of the pre-processing of the MD model. Initial boundary 

conditions are applied to the model to create surfaces, grain boundaries, interphase 

boundaries and periodic boundaries to establish crystalline continuity.  Appropriate 

temperatures and pressures are selected, and the MD model recalculates the position of 

each atom prior to the start of a simulation.   

An MD simulation of deformation is performed by applying displacements to a 

plane of boundary atoms. A strain rate is established by the imposed displacement and the 

calculation time step, which is 10-15 s.  A typical value for the strain rate is 108 s-1.  For 

example, the total number of calculation steps will be on the order of 200,000 if a 2% 

elongation is imposed upon the simulation box.  A calculation step determines the forces 
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applied to each atom using both the applied displacement and the internal forces generated 

by neighboring atoms within a 5 nm distance.  These forces result in a velocity vector that 

can be used to calculate the new position of each atom.  In addition to the coordinate 

position of each atom the stress state, energy, and temperature of the system are determined 

at each time step. Post processing at the end of the simulation will include determining the 

coordination of the atoms and their neighboring atoms to identify local crystal type e.g. 

(FCC or BCC) and observe both planar and linear defect types (stacking faults and 

dislocations). The main advantage of the MD method is that it can provide the location of 

each atom at any time during the simulation. Thus, microstructural evolution at the 

atomistic scale can be clearly observed with the help of visualization software such as 

Ovito. 44   

Two key challenges remain for the MD computational method. First, the 

dimensions of the simulation box are currently limited to about 100 nm using 128 cpus 

(central processing units) with a calculation time of one week. Greater computing power is 

required when the microstructural scale is larger than 100 nm, e.g. a polycrystalline 

microstructure with a grain size larger than 100nm.   The second challenge is the time step, 

which is 10-15 s, which imposes a strain rate at least 10,000 times faster than in experimental 

studies.  

There are many codes which can be used to do the MD simulation. In this study, 

the LAMMPS code is used. LAMMPS is an acronym for Large-scale-Atomic/Molecular 

Massively Parallel simulator. It is a classical molecular dynamics code and the code can be 

run on a single processor or in parallel using a multiple cpu cluster 45.  
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2.2. ENSEMBLE, BOUNDARY CONDITION AND LOADING METHOD    

A statistical ensemble is a method used to integrate the system (all atoms in the 

simulation box), for example, the ensemble of Newton’s equations of motion can make the 

system have a constant-energy surface. In MD simulations, three ensembles are commonly 

used: a microcanonical ensemble, a canonical ensemble and an isothermal-isobaric 

ensemble. In the microcanonical ensemble, the volume and the total energy in the system 

are held constant. In the canonical ensemble, the total volume and the temperature in the 

system are held constant. In isothermal-isobaric ensemble, the temperature and the pressure 

in the system are held constant. During MD simulations, the isothermal-isobaric ensemble 

can control the temperature by a Nose-Hoover algorithm which connects a system to a heat 

bath and control the pressure by altering the simulation box size. The isothermal-isobaric 

ensemble is preferred by many MD works as it can mimic the experimental temperature 

and pressure.  

In MD simulations, three boundary condition are commonly used: a free surface 

boundary condition, a fixed boundary condition and a periodic boundary condition. The 

free surface boundary condition treats the space outside the surface layer of atoms as the 

vacuum. The fixed boundary condition treats the surface layer of atoms as a “rigid plane” 

which is immobile. Finally, the periodic boundary condition connects the atoms from one 

side to the other sides, making the dimension infinite. As shown in Figure 2.1, a free surface 

boundary condition is applied in the y direction and a periodic boundary condition is 

applied in x direction. Copying the central group of atoms within the simulation box to the 

left side or the right side and atoms in the boundary region still belong perfectly to the layer 
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crystal structure. The periodic boundary condition is the most common boundary condition 

used in MD simulations as it can reduce the total number of atoms in the model. 

 

 

Figure 2.1. Two-dimensional periodic boundary condition. The central atoms within the 

simulation box is the original one which is surrounded by 2 exact copies of itself on left 

and right side. 

 

In MD simulations, the deformation mechanisms can be explored by applying a 

strain to a sample, and two methods are commonly used to apply a strain. Firstly, a strain 

is applied by altering the size of the simulation box at each time step. The coordinate system 

of atoms would be reallocated if the simulation box enlarges or shrinks at one dimension 

or multi-dimensions. The first method only works for the periodic boundary condition. The 

second method utilizes the fixed boundary condition. By giving the outside fixed layer of 

atoms a displacement and allowing inside atoms to relax at a given time, e.g. 1 
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picosecond (ps), a strain (equal to the displacement divided the initial length of the 

simulation in displacement direction) would be applied in the sample.  

2.3. THE INTERACTIVE POTENTIAL     

MD simulations rely on interatomic potential to predict the behavior of atoms, so 

the accuracy of a potential is critically important as it determines the material’s properties, 

e.g. a stacking fault energy, the Young’s modulus. A simulation with a realistic potential 

requires too much computational resource, e.g. thousands of cpus and thousands of hours. 

To complete a simulation in a reasonable amount of time, empirical interaction potentials, 

e.g. Lennard-Jones potentials, Tersoff potentials, Morse potentials and Embedded-Atom 

Method (EAM) potentials have been developed and they have proven to be very efficient 

in evaluating a systems up to ten million atoms 46-49. In general, the simple pairwise 

potentials, e.g. Lennard-Jones potentials, are not as good as the many-body embedding 

functional potentials, e.g. EAM potentials, because of some inherent limitations such as 

the inability to describe all elastic constants for cubic metals. The bond strength and local 

environment of an atom are considered in the EAM potential 49. Ziegenhain et al. compared 

the mechanical properties of Cu predicted by using a pair potential and an EAM potential 

and found that the pair potential cannot model the elastic anisotropy of cubic crystals and 

underestimated the stable stacking fault energy 50. Many previous MD works utilized the 

EAM potentials and provided significant findings such as the characterizing of the 

softening in nanocrystalline metals at small grain sizes 75. Due to the efficiency of the 

many-body embedding potential, the EAM potential was selected to do the MD simulation. 

The equation for EAM potential is given by 51 

   𝐸𝑖 =  𝐹𝑎(∑ 𝑃𝛽(𝛾𝑖𝑗)𝑖≠𝑗 ) + 0.5∑ 𝜑𝛼𝛽(𝛾𝑖𝑗)𝑖≠𝑗                                  (2.1) 
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where F is an embedding function, 𝛾𝑖𝑗 is the distance between atom i and j, 𝜑𝛼𝛽 is the pair-

wise potential function and 𝑃𝛽 is the contribution to electron charge density.  

 

Figure 2.2. Polycrystalline model generated by the 2D Voronoi algorithm 

 

 

2.4. PRE-PROCESSING: STRUCTURE GENERATION   

Some of the metallic samples in this study are polycrystalline, e.g.  Cu/Nb MNCs. 

In these samples, each layer has columnar and hexagonal shaped grains with different 

crystallographic orientations. A modified Voronoi method is used to create the 

polycrystalline metallic samples 52.  The layers in this study are columnar polycrystalline, 

therefore, only two-dimension distance were considered. For the Voronoi method, a 

coordinate system for the seed of each grain should be defined. The seeds represent the 

center of each grain. The distance between seeds should be larger than the grain’s radius, 

which make the grain structure reasonable. The seeds are distributed randomly such that 

an average d is obtain and each grain has a hexagonal shape. In order to make sure each 

grain has a regular hexagonal shape as show in Figure 2.2, the coordinate systems for seeds 
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are defined specifically. Then the crystallographic orientations for different grains should 

be specified. Two different grains which share a grain boundary are selected to have a 

relatively different crystallographic orientations, otherwise the grain boundary between the 

two grains is unstable. A transformation matrix can be used to set the crystallographic 

orientation for each grain. Finally, coordinate systems for all atoms can be specified based 

on the coordinate systems for each seed and the transformation matrixes for each grain. An 

example of columnar polycrystalline sample generated by a 2D Voronoi method is shown 

in Figure 2.2 and a corresponding FORTRAN code is shown in APPENDIX A.  

2.5. POST-PROCESSING: ANALYTICAL METHOD AND VISUALIZATION    

Post-processing is needed to better understand the evolution of the microstructure 

for a simulation, e.g. a uniaxial compression. In general, the original information outputted 

from a MD simulation only contains the three-dimension coordinates for each atom. A 

post-processing can provide some independent parameters, e.g. a Centro-Symmetric 

Parameter (CSP)53 and a Common Neighbor Analysis (CNA)54 parameter. With the help 

of a visualization software, different types of defects, e.g. the grain boundary, the twin 

boundary, the interphase boundary, the stacking fault and the dislocation core, can be easily 

observed and identified. The CSP and the CNA parameters are commonly used in the post-

processing of MD simulation. CSP is computed by: 

𝑃 =  ∑  |𝑅⃗ 𝑖 + 𝑅⃗ 𝑖+𝑁/2|
𝑁/2
𝑖=1                           (2.2) 

where 𝑅⃗ 𝑖 are vectors from atom i to one of its nearest neighbors and N is the number of 

nearest neighbors, for the FCC structure, N equal to 12 and for the BCC structure, N equal 



19 

 

to 8. A CSP is used to characterize the degree of inversion symmetry breaking in each 

atoms’ local environment.  

A post-processing can also be used to identify different plastic deformations and 

calculate the plastic contribution from different activities, e.g. dislocation gliding and grain 

boundary sliding. The first step involves identifying the nearest neighbors for each atom 

before the deformation and the second step involves calculating the displacement vectors 

after the deformation. A displacement vector is a measure of the relative motion between 

nearest neighbor pairs of atoms compared to its initial value. Specifically, as show in Figure 

2.3, before the deformation, an atom B is one of the nearest neighbors of an atom A and 

their relative distance vector can be calculated by: 

𝑑𝑣𝑖𝑛𝑡𝑖𝑎𝑙⃗⃗ ⃗⃗ ⃗⃗ ⃗⃗ ⃗⃗ ⃗⃗ ⃗⃗  ⃗ = (𝑥𝑎
𝑖 − 𝑥𝑏

𝑖 , 𝑦𝑎
𝑖 − 𝑦𝑏

𝑖 ,𝑧𝑎
𝑖 − 𝑧𝑏

𝑖 )                              (2.3) 

 

where 𝑥𝑎
𝑖   is the x coordinate for atom A, 𝑦𝑎

𝑖   is the y coordinate for atom A, 𝑧𝑎
𝑖   is the z 

coordinate for atom A, 𝑥𝑏
𝑖  is the x coordinate for atom B, 𝑦𝑏

𝑖  is the y coordinate for atom B, 

𝑧𝑏
𝑖  is the z coordinate for atom B. After the deformation, a new relative distance vector can 

be recalculated by: 

         𝑑𝑣𝑑𝑒𝑓𝑜𝑟𝑚⃗⃗ ⃗⃗ ⃗⃗ ⃗⃗ ⃗⃗ ⃗⃗ ⃗⃗ ⃗⃗ ⃗⃗  ⃗ = (𝑥𝑎
𝑑 − 𝑥𝑏

𝑑 , 𝑦𝑎
𝑑 − 𝑦𝑏

𝑑,𝑧𝑎
𝑑 − 𝑧𝑏

𝑑)                       (2.4) 

Then, the displacement vector can be calculated by:   

          𝑠𝑙𝑖𝑝𝑣
⃗⃗ ⃗⃗ ⃗⃗ ⃗⃗  ⃗ = 𝑑𝑣𝑑𝑒𝑓𝑜𝑟𝑚⃗⃗ ⃗⃗ ⃗⃗ ⃗⃗ ⃗⃗ ⃗⃗ ⃗⃗ ⃗⃗ ⃗⃗  ⃗  − 𝑑𝑣𝑖𝑛𝑡𝑖𝑎𝑙⃗⃗ ⃗⃗ ⃗⃗ ⃗⃗ ⃗⃗ ⃗⃗ ⃗⃗  ⃗                                (2.5) 

If no slip activity happens for a pair of neighbor atoms, e.g. atom B and atom D, 

the displacement vector would be close to zero. If a slip activity happens for a pair of 

neighbor atoms, e.g. atom B and atom A, the displacement vector would be the slip vector. 

The magnitude of the vector can specify the slip activity, e.g. full dislocation slips, partial 

dislocation slips. 
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Figure 2.3. Example slip activity happens for atom B relative to atom A 

 

 

After slip vectors are determined, the relative amounts plastic contribution from the 

partial dislocation gliding, the full dislocation gliding, and the grain-boundary-mediated 

deformation can be determined. The first step involves identifying the atoms in the grain 

interiors using the CSP or CNA parameter. Then the amount of strain contributed by partial 

or full dislocation glide can be calculated by summing the strain induced by all atoms 

displaced by dislocation motion, as follows: 

𝜀𝑑𝑖𝑠 = ∑
𝐴

𝑉
× (𝑙 ̅ ∙ 𝑏̅𝑖) × (𝑙 ̅ ∙ 𝑛̅𝑖)

𝑁
𝑖                                  (2.6) 

where 𝑏̅𝑖 is the Burgers vector of the dislocation slipping over the atom i, 𝑛̅𝑖 is the unit 

normal of the slip plane for the dislocation slipping over the atom i, 𝑙 ̅ is the loading 

direction, 𝐴 is the unit area of atoms projected on the slip plane, 𝑉 is the volume of the 

simulation box, and N is the total number of slipped atoms. All other atomic shifts not 

associated with dislocation glide are attributed to grain boundary deformation, such as 

grain boundary sliding and diffusion 

 Another important post-processing method is the Dislocation Extraction Algorithm 

(DXA) which was developed by Kelchner et al 55. The fundamental concept underlying the 
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DXA is the Burgers circuit construction 56.  It is very useful to get the dislocation 

information which includes the dislocation density and dislocation type. This method is 

integrated into the Ovito software. By this method, dislocation lines can be clearly observed 

in the microstructure as shown in Figure 2.4. 

 

 

Figure 2.4. Dislocation structure in MD simulation generated by the Dislocation 

Extraction Algorithm (DXA) method 55. 
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3. DISLOCATION DYNAMICS FUNDAMENTALS 

3.1. INTRODUCTION OF DISLOCATION DYNAMICS 

Dislocation Dynamics (DD) is a computational modeling method that is preferred 

when the scale ranges from 100 nm to 10,000 nm. DD simulations simplify the modeling 

by only considering the dislocation core volume only, which increases the calculation 

efficiency and makes them capable of handling much larger volumes than the MD 

simulations. Although DD simulations consider only the behavior of dislocations, they can 

provide valuable predictions because the slip of dislocations is considered the primary 

plastic deformation mechanism in metallic materials. In Three-Dimensional (3-D) Discrete 

Dislocation Dynamics (DDD), dislocations are represented as line defects and divided into 

straight or curved segments 57-64. The most advanced 3-D DDD code includes various 

dislocation–based mechanisms, e.g. the dislocation interaction, the dislocation annihilation 

and the dislocation cross-slip. A 3-D DDD model is a powerful tool for exploring the plastic 

deformation of metallic systems. For the studies on MNCs, a 3-D DDD model can mimic 

the dislocation gliding within a small layer. In this study, a Parametric Dislocation 

Dynamics (PDD) developed by Ghoniem et al 64 is used. 

3.2. STRESS AND EQUATION OF MOTION    

To describe the behaviors of dislocation during the 3-D DDD simulation, the force 

acting on the dislocation and the equation motion are important factors. The stress field 

tensor for a dislocation segment can be obtained by 64: 

𝜎𝑖𝑗 = 
𝜇𝑏 

4𝜋
∮[

1

2
𝑅,𝑚𝑝𝑝 (𝜖𝑗𝑚𝑚𝑑𝑙𝑖+𝜖𝑖𝑚𝑛𝑑𝑙𝑗) +

1

1−𝑣
𝜖𝑘𝑚𝑛(𝑅,𝑖𝑗𝑚 − 𝛿𝑖𝑗𝑅,𝑝𝑝𝑚 )𝑑𝑙𝑘     (3.1) 
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where 𝑏 is the burger vector and  𝜖𝑖𝑗𝑘 is the permutation tensor, 𝜇 is the elastic isotropic 

medium, 𝛿𝑖𝑗is the Kronecker delta, 𝑣 is the Poisson ratio and l is the line direction vector. 

A self-force of a dislocation is another important force. In brief, since the 

dislocation is a line defect, the self-force can be thought of as the line tension. The force 

direction is directed to in the center of curvature of the dislocation loop. The formulation 

of the self-force use in this studies is developed by Gavazza and given below 64: 

𝐹

𝐿
= 

𝜕
𝑈

𝐿

𝜕𝑟
= −𝜅[𝐸(𝛼) + 𝐸′′(𝛼) ln (

8

𝜑𝜅
) + 𝜇𝑏2[𝜅 (

21+cos𝛼2

64𝜋
) + 𝜅̅  (

2 cos𝛼2−1

2𝜋
)]𝑛    (3.2) 

where κ is the curvature, 𝜑 equals to the half of the magnitude of the burger vector,  𝛼 is 

the angle between tangent and the burgers vector, n is the normal to the dislocation line 

vector t on the glide plane. The equation of motion is given by: 

∮ (𝑓𝑘
𝑡(𝑡) − 𝐵𝛼𝑘

 

𝐶
𝑉𝛼) 𝛿𝑟𝑘|𝑑𝑠| = 0        (3.3) 

where B is the resistive matrix which determine the mobility of dislocation, V is the 

velocity, 𝑟𝑘 is a displacement vector and f is the total force acting on the dislocation. The 

total force is composed of the self-force, osmotic force 63 and the Peach-Koehler forces. 

3.3. SIMULATION PROCEDURE AND FLOW CHART    

The simulation methodology for a 3-D DDD simulation is illustrated in Figure 3.1. 

To start, initial dislocation structures, e.g. the dislocation loops and the Frank-Read (FR) 

sources, are randomly put in the simulation box and their burger vectors are specified. 

Material’s properties such as the elastic modulus, a Poisson ratio, a lattice constant and a 

dislocation mobility are defined. During the simulation, the velocity of a dislocation 

segment can be calculated by solving the equation (3.8). Then the new position of each 

node can be determined according the velocity and the time step, e.g. 0.1 ps. After that, 
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short-range reactions such as the dislocation annihilation, the formation of dislocation 

junction and the cross-slip of dislocation are considered. The information such as the stress 

and the dislocation density can be output at the end of each step. Finally, the simulation 

enter to the next step and the cycle is built.  

 

Figure 3.1. The flow chart of 3D-DDD simulation 65. 
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ABSTRACT 

In this work, we employ atomic-scale simulation to uncover the interface-driven 

mechanisms governing the deformation response of nanoscale, layered composites. Two 

internal boundaries persist in these materials, the interlayer crystalline boundaries and 

intralayer biphase interfaces, and both have nanoscale dimensions. These internal surfaces 

are known to control the activation and motion of dislocations, and despite the fact that 

most of these materials bear both types of interfaces, the competing effects of their 

intralayer spacing (grain size, d) and intralayer biphase spacing (layer thickness, h), on first 

yield and peak strength have yet to be clarified. From our calculations, we find that the first 

defect event, signifying yield, is controlled by d, and not h. For the finest d, yield is defined 

by grain boundary sliding whereas for the remaining nanoscale range of d, it is determined 

by grain boundary source activation. Small changes in both d and h play a profound role in 

the relative contributions of grain boundary sliding and dislocation glide. The interplay of 

two internal sizes leads to a very broad transition region from grain boundary sliding 

dominated flow, where the material is weak and insensitive to changes in h, to grain 
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boundary dislocation emission and glide dominated flow, where the material is strong and 

sensitive to changes in h.  Such a rich set of states and size effects are not seen in idealized 

materials with one of these internal surfaces removed. These findings provide some insight 

into how changes in h and d resulting from different synthesis processes can affect the 

strength of nanolayered materials.  

Keywords: nanograin size, layer thickness, nanolayered composites, strengths 

1. INTRODUCTION 

Two-phase nanolayered (NL) metallic composites are one of the few 

nanostructured materials that uniquely exhibit a multitude of attractive structural and 

functional properties, ranging from high strength, ductility, hardness, radiation resistance, 

to thermal stability 1-4. Very recently, advanced manufacturing methods have been 

employed to successfully make NL materials in bulk, that is, in sizes suitable for large 

structures. Scaling up in this way enables exploitation of their exceptional suite of 

properties in a much broader range of applications than thought possible 5,6.   

NL composites are comprised of alternating layers of two metal phases, which 

individually are less than 100 nm. Usually one metallic nanocrystal spans an individual 

layer thickness h, joining from one bimetal interface to the other. Many studies on the 

strength of these materials find that decreasing h can strengthen the material, particularly 

when h lies in the nanoscale range, from 100 nm to 10 nm. It is believed that the nanoscale 

dimensions affect the selection of deformation mechanisms, such as dislocation glide and 

sliding along the interfaces or grain boundaries, which determine material strength, 

differently than in coarser dimensions and this nanoscale alteration grows as h decreases. 
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The dislocation core itself has nanoscale grain size dimensions, and thus, the movement of 

just one dislocation within a crystal, for instance, can have a noticeable impact on the 

strength of the entire NL composite. However, how h affects dislocation motion (including 

production and annihilation) needs to be better understood in order to identify the relation 

between h and the strength of NL composites. 

A large number of studies over the past decade, involving in-situ TEM, diffraction, 

atomic-scale modeling, and dislocation theory, have been devoted to understanding how 

interfaces affect dislocation motion in strained nanolayered materials 7-15. Many theories 

and MD simulations have shown that interfaces can act as sources, sinks, barriers, and/or 

storage sites for dislocations and deformation twins 9-12. Li et al. revealed that interfaces in 

bimetal NL composites can provide the high diffusivity and vacancy concentration for 

promoting dislocation climb at room temperature. 16. In some experimental studies, a limit 

value of the critical layer thickness, hc, has been reported, below which strength no longer 

increases but plateaus or drops. Using dislocation theory, the strongest value of hc has been 

postulated to occur at the crossover from confined layer slip to slip transfer across the bi-

phase boundaries 17. Yet, whether or not a limit hc is found, the reported sensitivity of NL 

strength to h can vary among studies on similar NL materials 18  Much of the variability 

can be attributed to different choices of strength measures, either yield or peak strength in 

tension or compression, or indentation hardness, or to processing-induced variations in the 

microstructure, such as texture or the in-plane sizes of the grains d within the 

nanocrystalline (NC) layers 19.  It, therefore, becomes apparent that understanding role that 

interfaces and their densities and spacing play in affecting dislocation motion, and therefore 

strength, would help in rationalizing these results.   
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One prominent nanostructural feature that is missing in most studies is the 

nanocrystalline grain structure of the individual layers. Two length scales, therefore, should 

be used to describe NC NL composites:  h the mean distance between interfaces (IFs) and 

the grain size d, the mean in-plane distance between adjacent GBs. Collecting knowledge 

gained from studies in either NC materials or NL nanocomposites indicates that both GBs 

and IFs would greatly affect the dynamics and kinetics of dislocations in strained materials. 

To date, not many studies involving calculations or theories have been carried out to 

understand the coupled effect of GBs and IFs on the deformation of NL composites. A 

majority of the MD work that connects grain boundary affected dislocation motion, 

nanograin size, and strength pertain to single-phase nanocrystalline (NC) metals 19-22. Most 

NL modeling studies treat the layers as single crystalline and not as NC 7-10. Recently, Zhu 

et al.14,15 investigated size effects in nanolayerd polycrystalline metallic multilayers by MD 

simulations and found that the micro-plasticity deformation can be dominated by several 

possible dislocation mechanisms. While both length scales h and d could be feasibly altered 

in manufacturing, the values for h and d needed to achieve the highest yield or flow strength 

are not known. A key question then arises: which length scale, h or d, dominates and 

controls the peak strength or the onset of softening? Is it plausible to believe that the finest 

length scale, the one that is the closest in length scale to the dislocations, would be the one 

that controls strength of the material? To date, there are no calculations or theories that 

consider the coupled roles in deformation to confirm or deny this or any notion regarding 

the coupled effect of grain boundaries and interfaces on dislocation nucleation and motion. 

In this article, we use MD simulation to explore the coupled effects of h and d on 

the yield and flow strength of NC NL composites. We apply the study to a Cu/Nb 
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nanolaminate with a nanostructure of one made by physical vapor deposition (PVD).  We 

show that the strongest microstructural length scales do not correspond to the one with the 

finest dimension in both h and d.  The grain size d affects the sensitivity of strength to 

reductions in layer thickness h increasing as d decreases. Once the material is deforming 

plastically, the flow stress is governed by the relative contributions of grain boundary-

driven dislocation emission and grain boundary sliding.  Although both are related to the 

grain boundaries, both d and h are found to govern the relative contributions of these two 

mechanisms. Analysis of the relative contributions of different grain boundary mechanisms 

(dislocation emission and subsequent slip vs. grain boundary sliding) explain that 

decreasing d can result in higher contributions of grain boundary sliding, a weaker 

composite, and reduced strength improvements with decreasing h. These results reveal that 

understanding the strength of nanostructured materials involves considering both d and h.  

2. MATERIAL AND NANOSTRUCTURE 

MD simulations of Cu/Nb multilayers were performed with the Large-scale 

Atomic/Molecular Massively Parallel simulator (LAMMPS) code 23. Figure 1(a) shows the 

simulation cell for the polycrystalline (PX) NL Cu/Nb composites. Periodic boundary 

conditions have been applied to all three directions of this cell. The forces between Cu-Cu, 

Nb-Nb and Cu-Nb atoms were calculated by the interatomic potential 2,24,25 based on the 

Embedded Atom Method (EAM) 26. This potential has been used previously in several 

studies on defect nucleation, formation, interactions, and propagation and replicates key 

defect properties, such as the energy of the stacking faults created by gliding partial 

dislocations 8,10-12.   
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Each layer is composed of four grains, and four Cu/Nb grain pairs connect across 

the interface. These hexagonal columnar grains were created by the Voronoi tessellation 

method 27. To match the microstructure common for Cu/Nb composites synthesized via 

physical vapor deposition, the crystallographic orientation between each pair of Cu/Nb 

grains was made to follow the Kurdjumov-Sachs (KS) orientation relationship 28, meaning 

the directions in Cu and Nb for three axes are such that [1,1,0]Cu||[1,1,1]Nb are aligned in 

the X-axis, [1,1,2]Cu||[1,1,2]Nb in the Y-axis and [1,1,1]Cu||[1,1,0]Nb in the Z-axis. To 

create the nanograined sample, we fixed one pair of grains as the initial crystallographic 

orientation and rotated the other three pairs of Cu/Nb grains by 30°, 60° and 90° degree 

along the Z-axis. Consequently, grain boundaries were created in each layer while 

maintaining the KS orientation relationship for each pair of Cu/Nb grains.  

 

 

Figure 1. (a) Atomic scale configurations of nanograined Cu/Nb multilayers, (b) relaxed 

interface pattern in different grains (top view), colored according to the centro symmetry 

parameter 29. (The directions for three axis are [1,1̅,0]Cu||[1̅,1,1]Nb in X axis, 

[1,1,2̅]Cu||[1,1̅,2]Nb in Y axis and [1,1,1]Cu||[1,1,0]Nb in Z axis.) 

 

With all the above nanostructural aspects fixed, we then proceeded to create NL 

NC composites with different combinations of d and h.  Many different grain sizes, d, were 



31 

 

used: 2.5, 5, 10 nm, 20 nm and 40 nm and as well as values of h, the layer thickness: 2.5 

nm to 15 nm. The largest number of atoms in this model is about 15,000,000.  In all cases 

of h and d, the grains had the same hexagonal shape and hence the same number of 

connecting triple junctions per grain. 

Before loading, all NL composites were relaxed under the conditions associated 

with an isobaric isothermal ensemble (NPT 27, constant pressure and temperature) at zero 

pressure and 1 K for 300 ps via a Nose-Hoover temperature thermostat and pressure 

barostat 30,31. This relaxation step allows the atoms to readjust their coordinates and settle 

into a lower energy state. Figure 1(b) shows the relaxed interface pattern for each pair of 

Cu/Nb grains according to the centro-symmetry parameter. These patterns are consistent 

with those reported in earlier work but for single crystalline (SX) Cu/Nb multilayers 32,33.  

After relaxation, the NC NL composites are subjected to uniaxial tension parallel 

to the X-axis in Figure 1(a) such that Cu/Nb interfacial sliding would not be encouraged.  

In all cases to follow, we applied a constant strain rate of 5×108 s-1. The time interval for 

each simulation step was 1 fs.  

3. RESULTS AND DISCUSSION 

3.1. NANOSTRUCTURE EFFECTS ON STRESS-STRAIN RESPONSE 

Upon loading the NC NL composites, leading Shockley partial dislocations initially 

emit from the grain boundary triple junctions, where the grain boundaries and interfaces 

meet, rather than from the bimetal interfaces. An example of this grain boundary 

dislocation emission (GBE) event is shown in Figure 2(a) and (b). The partials can be 

followed by a trailing partial either shortly afterwards, such that a full dislocation glides 
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across the grain as showed in Figure 2(c), or later in time after a stacking fault has already 

been formed across the grain by the leading Shockley partial. Secondly, we observe that 

the GBE occurs in both Cu and Nb as shown in Figure 2(d).  

 

 

Figure 2. (a) The nucleation of partial dislocation from GB in Cu layer (d = 40 nm), (b) 

the nucleation of partial dislocation from GB in Cu layer (d = 10 nm), (c) extended full 

dislocation glide in Cu layer (d = 40 nm), and (d) the nucleation of partial dislocations 

from GB in both Cu and Nb layer (d = 20 nm), the interface atoms has been set as 

transparent. 

 

 

These results have a few important distinctions from single crystalline (SX) NL 

composites. Such MD simulations have been reported earlier in this Cu/Nb KS system 7-10 

but since some finer details in model set up and boundary conditions may be different, we 

carried out analogous simulations single crystalline (SX) NL composites and they are 

reported in the supplemental material section.  Results presented there are consistent with 

those made previously.  Firstly, under the same loading state, leading Shockley partial 

dislocations would initially emit from the bimetal interfaces in SX NL composites (see 
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Figure S2 in supplemental material).  Secondly, dislocations emit into both phases in the 

NC NL composites, unlike in the SX NL where dislocations first emit into Cu and later 

into Nb. In NC NL composites, the preferred location for dislocation nucleation is the 

junction between interfaces and grain boundaries, since a large local stress concentration 

tend to develop at those sites. 

 

 

Figure 3.  Plots of the onset stress for dislocation glide as a function of layer thickness, h, 

(a) for NC NL, SX NL, NC Nb and NC Cu, (b) only for NC NL. 

 

 

 Figure 3 show the onset stress for dislocation glide, while Figure 3(b) only consider 

the cases of NC NL composites and Figure 3(a) include the cases of SX NL and NC Cu. 

The stress-strain curve for all cases were shown in supplemental material.  The effect of 

having nanocrystalline layers with grain boundaries is to weaken the NL relative to the 

ideal SX NL composite with the same h. This result implies that by virtue of how 

dislocations are nucleated that SX NL provides a practical upper bound to the strength of 

NC NL materials with the same h.  This same viewpoint would, in turn, also suggest that 

nanocrystalline Cu (nc) with similar, equiaxed h = d grain sizes would be even weaker, 

providing an apparent lower bound.  These analogous simulations were also carried out 
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and checked against literature values (see supplement material Figure 1 and 2). Some 

strength values are reported in Figure 3(a).  As expected, the strength of the NC NL 

composites lies between those of the SX NL and NC Cu for the same range of h and d. 

Relative to the NC Cu with the same grain width d and height h, the Cu/Nb interfaces in 

the NC NL substantially strengthen the material.  

 Thus we find that the introduction of grain boundaries cause the NC NL composites 

to become weaker relative to the SX NL for two reasons:  the dislocations emit more easily 

from grain boundaries than the Cu/Nb interfaces and the GBE enables simultaneous plastic 

deformation in both Cu and Nb.   

3.2. MECHANISMS GOVERNING YIELD STRESS 

 Figure 3(b) shows the variation in NC NL yield stress with h and d.  Generally with 

respect to the yield stress, we observe the much anticipated scaling:  smaller is stronger--

as d and h both decrease, the yield stress increases.  However, there are two exceptions.  

First, independent of h, a critical value ds exists where ds = 2.5 nm, the yield drops. Second, 

for the finest, h = 2.5 nm, the yield stress is highest at d = 20 nm and decreases with 

reductions in d from 10 nm to 2.5 nm. Interestingly, the NC Cu also exhibits the same trend; 

the yield stress is the highest for d = 20 nm and decreases with reductions in d from 10 nm 

to 2.5 nm. See Figure S1. In prior NC Cu simulations studies 34,35, this transition has been 

associated with a transition from slip-dominated deformation above the peak value d ~ 10 

– 20 nm to grain boundary sliding-dominated deformation below.   It would hint that even 

in NC NL composites, the grain boundaries or their spacing (grain sizes) in the 

nanocrystalline layers are driving the type of yield event. To determine more specifically 

the grain-boundary-driven mechanisms responsible for yield, we employ the atomic-shift 
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analysis to determine the strain at which dislocation emission and grain boundary sliding 

first occur in each nanolaminate. Figure 4 shows how the onset strain for GBE and GBS 

vary with h and d.  For all d above d = 2.5 nm, the onset strain for dislocation emission is 

less than the onset strain for grain boundary sliding. Thus, emission of a dislocation from 

the grain boundaries marks the end of the linear regime and hence determines the true yield 

stress. The grain size ds = 2.5 nm signifies a critical point when d is small enough that the 

onset strain for GBS (~0.045%) is lower than that for GBE and the onset of GBS is 

responsible for yield of the NC NL composite.  For most values of h, ds is also the value of 

d for which the yield strength of the material reduces rather than increases and the peak 

yield strength is realized for d = 5 nm, just above ds. This behavior was not seen in the NC 

Cu cases, wherein the yield strength increased proportionally with increase in d. 

 The value of d at which peak yield is reached appears to be well correlated with the 

critical value of grain size ds marking a transition from GBE to GBS.  However, for the 

finest NC NL h = 2.5 nm, the peak yield is reached at d = 20 nm, well above ds (see Figure 

3(b)). For cases in which GBE governs composite yield (d > ds), a further distinction 

between partial and full dislocation emission can be made. Partial GBE involves emission 

of a leading partial, which traverses the grain and forms a stacking fault across the grain, 

and emission of the trailing partial at a later time in strain.  Full GBE, on the other hand, 

means that after the leading partial emits from the grain boundary, the trailing partial emits 

soon after, such that a full dislocation traverses the grain and no grain-scale stacking fault 

forms. As described earlier, the partial and full dislocations, particularly at the onset of 

yield, can be identified. Normally, larger grain can provide longer mean free path for the 

leading partial that leaves enough time for the trailing partials to emit from the GB and for 
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a full GBE. Employing the atomic-shift analysis technique at the onset strains for d > ds, 

we find that for small d, d < 10 nm, partial GBE defines yield but for large d > 20 nm, full 

GBE marks the end of linear elastic deformation.  The grain size d = 20 nm is a transition 

region when partial GBE occurs for larger h and full GBE for smaller h. Thus, in these NC 

NL composites, the yield strength can be sensitive to whether the first yield event is a 

partial or full GBE. Higher nucleation stresses are associated with full GBE.   

 

 

Figure 4. The strain for onset by (a) grain boundary dislocation emission and (b) GB 

sliding versus layer thickness. (c) The flow stress (average over 7% ~ 12% strain) vs 

layer thickness, h (d) the flow stress vs grain size d. 
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3.3. MECHANISMS GOVERNING FLOW STRESS  

 From Figure 4, we observe that in none of the NL nanostructures tested, does either 

GBS or GBE act alone throughout deformation. Rather it is observed that dislocation 

emission (whether partial or full) defines yield, with the exception of ds = 2.5 nm, and GBS 

starts after dislocation emission.  As d increases further beyond ds, the more GBS is 

postponed and the more of the plastic strain is carried by dislocation glide. GBS, in these 

cases, are part of determining the flow stress after yield, but not yield.  Likewise, for d = 

2.5 nm, GBS may control the yield point, but GBE occurs shortly thereafter with more 

straining. We, therefore, can expect that the mechanisms governing the flow stress after 

yield would be different from those responsible for yield. Consequently the dependencies 

of flow stress on h and d would not necessarily follow those of the yield stress. 

 Specifically from the NC NL results in Figure 4, over the stress range of 7-12%, 

both GBE and GBS have initiated and the NC NL material is flowing with contributions 

from both mechanisms.  Figure 4 (c) and (d) analyzes the variation of an average flow 

stress over the strain range of 7% – 12% with h, the conventional way to assess the strength 

of nanoscale NL. We considered minor adjustments to this strain range, only to find that 

they do not alter the trends reported here. It is observed in Figure 4 (c) and (d) that the NC 

NL flow stress increases as h decreases. Generally NL strengthening with smaller h in the 

nanoscale regime is often seen experimentally 17,28,36,37. With respect to h, smaller leads to 

a higher flow stress.  It is, however, a significant finding in Figure 4 (c) and (d) that the 

size scaling in h depends on d, weakening as d decreases.  This result implies that to best 

exploit layer thickness h reductions for increasing strength (i.e., flow stress), the grain size 

d should be as large as possible.   
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 Another important signature of the coupled effects of h and d is the crossing of the 

curves in Figure 4(c).  To elucidate it, we plot in Figure 4(d), the same stress data for NC 

NL composites of fixed h with variation in d.  For the larger h = 15 nm and 10 nm NC NL 

composites, a critical grain size dc can be identified at which the composites achieves peak 

strength, which is 5 nm and 10 nm, respectively. For the finer h NC NL composites, h = 

2.5 nm and 5 nm, the material weakens as d decreases. Evidently dc is larger than 40 nm, 

the largest grain size tested here.  The interesting finding is that in NC NL composites, a 

critical dc exists and it depends on h, appearing to increase as h increases.  This size scaling 

does not resemble the scaling in d for the NC Cu with no interfaces or the scaling in h for 

the SX NL composites with no grain boundaries. 

 

 

Figure 5. Histogram of the changes in the separation distance of initially nearest neighbor 

atoms after 10% strain in Cu layer (a) and Nb layer (b). 

 

 

 To understand how these size effects happen, we first calculate the atomic shifts in 

the material at 10% strain. The frequency plots for the atomic shifts for a few composites 

are shown in Figure 5.  Two cases (h = 2.5 and d = 5 and 20 nm) lie in the softening regime 

e.g., d < dc (h), and the other one (h = 10 nm and d = 20 nm) in the hardening region, d > 
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dc (h). Again, we see evidence of dislocation glide activity in both regimes. For the cases 

shown, we see that there is more dislocations gliding in Cu than Nb, both partial and full 

dislocations are gliding in Cu and Nb, and most of the dislocations are full dislocations in 

Cu while most of them are partial dislocations in Nb. Clearly, the amount of dislocation 

activity is linked strongly to the finest of the microstructural length scales, with less 

dislocation activity for finer h and d.  However, dislocation glide contributes to carrying 

the strain whether the material strengthens or weakens with reduction in microstructure 

scales. Thus, there is not a clear abrupt transition in mechanisms that determines dc.   

 

 
Figure 6. Comparison of the contributions in plastic strain from dislocation gliding (open 

symbols), and grain boundary sliding (solid symbols) at 10% total strain. (Squares for h = 

2.5 nm, triangles for h = 5.0 nm, circles for h = 10nm and diamonds for h = 15 nm.) 

 

 

 From the atomic-shift analysis, the relative amounts of GBE and GBS can be 

assessed at any given strain. Figure 6 shows their relative contributions as a function of h 
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and d. We notice that in all cases, the strain throughout the deformation test is 

accommodated by a combination of GBE and GBS. The relative amounts of GBS increase 

as d deceases. For d = 5 nm, their contributions are nearly equivalent (~50%). For d = 2.5 

nm, GB sliding dominates strain accommodation (> 60%).  This analysis makes clear that 

for the range of d and h studied, GBE and GBS contribute to strain accommodation within 

the material. However, their relative amounts are sensitive to the two microstructural length 

scales h and d.  The value of dc in flow stress corresponds to when the GBS contribution 

exceeds a threshold value of 25%, regardless of the value of h. Thus at the strongest 

nanoscale microstructural combination, dislocation glide will still carry most of the 

deformation (~75% or more). Further, at the transition size dc, GBE defines yield and 

carries plasticity after yield. 

 

 

Figure 7. Strain contributions from dislocation slip for different samples in Cu layers: (a) 

h = 2.5 nm with different grain sizes, (b) d = 2.5 nm with different layer thicknesses. 

 

 

 From the foregoing analysis, we find that in most cases, dislocation glide mediates 

plastic strain. In such fine nanocrystals, partial slip rather than full slip is generally thought 
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to carry most of the strain. To determine the contribution of partial or full dislocation slip 

over the entire deformation response we applied atomic shift analysis.  In Figure 7(a), we 

first show for h = 2.5 nm, a very finely layered nanolaminate for a range of grain sizes, 5 

nm to 20 nm, wherein the GBE dominates the flow stress. In these cases, the first yield 

event is SF formation.   However, from Figure 7(a), we see that after more strain, full 

dislocation glide dominates in all cases.  In Figure 7(b), we analyze the evolution of 

dislocation activity in cases where GBS dominates (d = ds). We see an interesting 

correlation between partial slip and GBS, partial glide dominates over the entire straining 

period. After emission, these dislocations glide across the crystal by threading through the 

layers. Theoretically, the finer h, the more stress required for an individual dislocation to 

push through ~log(h)/h.  Consequently, the finer h, the higher the flow stress.  Unlike, the 

yield stress associated with stress to emit the first dislocations, depends on h.  This effect 

can be seen in Figure 7(b), as h decreases, more total applied strain is needed to achieve 

the same dislocation strain. 

 

 

Figure 8. Generalized mechanism map for the first yield event in strained NC NL 

composites. 
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 The present simulation results on Cu/Nb nanolayers and those from a recent similar 

study on polycrystalline Cu/Ag nanolayers14 help to clarify the size-driven mechanisms 

that affect the yield stress of NC NL To illustrate this, Figure 8 maps the regimes for the 

predominant deformation mechanisms underlying yield on a plot with axes h and d.  This 

map would apply to nanoscale materials in which only one grain spans the layer thickness 

h and the grains are d in width and both d and h have nanoscale dimensions (< 100 nm, 

such as in Figure 1).   At one end of the map, with large d, yield is determined by first 

emission of a dislocation from the biphase interface.  At the other end, with small d, yield 

is determined by grain boundary sliding.  In between, as d and h increase yield is governed 

by emission of partials and full dislocations from the grain boundaries.   

4. CONCLUSIONS 

In summary, we use atomic-scale simulation to investigate microstructural size 

scaling in the strength of nanocrystalline nanolayered (NC NL) Cu/Nb composites. 

Scalings in both the intralayer NC grain size d and layer thickness h were investigated.  The 

calculations reveal strongly coupled d-h effects. Unlike single crystalline nanolayered 

composites without grain boundaries, where plasticity is initiated by emission of 

dislocations from the interfaces into preferably one of the phases, in the NC NL composites, 

dislocations are emitted from the junctions were grain boundaries and interfaces meet and 

within both phases.  Both phases, thus, participate in yield and plastic flow in NC NL.  

Further, the grain size d controls the yield phenomenon, with the finest of grain sizes d ≤ 

ds, yielding via intralayer grain boundary sliding (GBS), and the larger grain sizes d > ds, 

yielding by intralayer grain boundary dislocation emission (GBE).  Grain size d also 
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governs the relative amounts contributed by GBE and GBS during plastic flow stress after 

the defining first yield event has occurred.  The highest flow stress (strongest) NC NL 

occurs at a grain size dc, the grain size below which the percentage contribution of GBS 

equals or increases greater than 25%. As GBS becomes increasingly hindered as h 

increases, the value of the “strongest size dc” for the NC NL composite decreases as h 

increases. Last, the intragranular grain boundary spacing d also affects the sensitivity of 

NC NL strength to reductions in h.  Partial dislocation activity occurs when GBS dominates 

and the effect of h on strength is weak, whereas full dislocation activity prevails when GBS 

is small (< 60%) and the smaller the amounts of GBS, the greater gains in strength with 

reduction in h.  The grains should be as large as possible to best reap the strengthening 

benefits of reductions in layer thickness.   

The foregoing results on layer h size and intralayer d effects in NC NL composites 

make clear that the average size d of the grains in the nanocrystalline layers is a highly 

influential variable for strength. In most cases, the grain sizes among NL composites of 

different h are not reported or not the same. These findings can help to better interpret h-

scale effects on measure yield or flow strength.  

5. METHODS 

To identify the mechanisms responsible for deformation, we used two procedures. 

AtomEye 38 was used to visualize the configuration of atoms in the microstructure. The 

second one is denoted here as the atomic-shift analysis and is built upon the methods 

provided by Vo et al. 39 for nanocrystalline fcc metals. This analysis determines the relative 

amounts of partial dislocation glide, full dislocation glide, and grain-boundary-mediated 
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deformation. In brief, the first step involves identifying the atoms in the grain interiors 

using the Common neighbor analysis (CNA) 25,40. The second step calculates the pair 

separation (PS) for the atoms in grain interiors. PS is a measure of the relative motion 

between nearest neighbor pairs of atoms compared to its initial value. From this analysis, 

we can evaluate the frequency of atomic shifts for the entire system at any given strain 

level during deformation. Characteristic amounts of shifts in these plots correspond to the 

Burgers vector of either partial or full dislocations. More details of this method are given 

in Vo et al. 39. Further, from these atomic shifts, the amount of strain contributed by partial 

or full dislocation glide can be calculated by summing the strain induced by all atoms 

displaced by dislocation motion, as follows: 

                                          𝜀𝑑𝑖𝑠 = ∑
𝐴

𝑉
× (𝑙 ̅ ∙ 𝑏̅𝑖) × (𝑙 ̅ ∙ 𝑛̅𝑖)

𝑁
𝑖     (1) 

where 𝑏̅𝑖 is the Burgers vector of the dislocation slipping over the atom i, 𝑛̅𝑖 is the unit 

normal of the slip plane for the dislocation slipping over the atom i, 𝑙 ̅ is the loading 

direction, 𝐴 is the unit area of atoms projected on the slip plane, 𝑉 is the volume of the 

simulation box, and N is the total number of slipped atom.  

All other atomic shifts not associated with dislocation glide are attributed to grain 

boundary deformation, such as grain boundary sliding (GBS) and diffusion. Since the 

current simulations are carried out a 1K, it is likely that these atomic shifts can be attributed 

predominantly to grain boundary sliding (GBS). In this article, the atomic-shift analysis is 

used to determine the onset strain and the relative contributions of dislocation glide or GBS 

to accommodating strain at any strain level.  
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ABSTRACT 

In this work, we perform molecular dynamics simulations to explore the crack 

propagation and fracture behavior of Cu/Nb metallic nanolayered composites (MNCs). Our 

results are consistent with previous experimental results, which illustrated that cracks in 

Cu and Nb layers may exhibit different propagation paths and distances under the same 

external loading. The analysis reveals that the interface can increase the fracture resistance 

of the Nb layer in Cu/Nb MNCs by providing the dislocation sources to generate the plastic 

strain at the front of the crack. Increasing the layer thickness can enhance the fracture 

resistance of both Cu and Nb layers, as the critical stress for activating the dislocation 

motion decreases with the increment of the layer thickness. In addition, grain boundaries 

(GBs) in polycrystalline Cu/Nb samples would decrease the fracture resistance of Nb layer 

by promoting the crack propagate along the GBs, i.e. intergranular fracture, while the effect 

of interface and layer thickness on the fracture resistance of MNCs will not be altered by 

introducing the GBs in MNCs.  

Keywords: Nanolayer; Interface; Fracture behavior; Atomistic modeling; Crack 

propagation 
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1. INTRODUCTION 

Metallic nanolayered composites (MNCs) are nanostructured materials possessing 

impressive mechanical properties such as high strength, hardness and fatigue resistance, 

which can be fabricated by deposition or severe plastic deformation processes 1-6. MNCs 

are composed of alternating layers of two or more metallic phases and the layer thickness 

of each phase are generally less than 100 nm. The interfaces between each layer play an 

critical role on the deformation of MNCs, as they can act as barriers, sink and sources of 

dislocations and vacancies 7-9. Both experimental and computational studies have 

illustrated the remarkable thickness-dependent strength in MNCs that can be predicted by 

the confined layer slip (CLS) model 10-13. Similar to nanocrystalline (NC) metallic materials, 

MNCs also exhibits an inverse relationship between the strength and elongation 12,14. To 

explore the fracture mechanisms in MNCs, Zhu at el. 15 examined the deformation zone 

ahead of the crack tip in the Cu/Ta MNCs and revealed a critical layer thickness, below 

which the fracture mode of the MNCs tends to be shearing failure. Zhang at el. 16 studied 

the fracture behavior of Cu/Nb and Cu/Zr. Their experiment results demonstrated that as 

the layer thickness of Cu layer decreased below 60 nm, the fracture mode in MNCs 

transited from brittle opening fracture to shear fracture. Based on their experiment results, 

they claimed that the transition of fracture modes is dominated by the constraint of the soft 

Cu layer on the brittle Nb or Zr layer. Liang et al. 17 performed the tensile tests on Cu/Ni 

MNCs and revealed a transition of fracture modes from necking-inhibited brittle mode to 

necking-delayed ductile mode as the Ni layer thickness decrease from 90 to 40 nm. Hattar 

et al. 18 demonstrated four fracture steps (crack deviation, layer necking, microvoid 
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formation and crack blunting) during the crack propagation in Cu/Nb by using the in-situ 

transmission electron microscopy testing. 

Based on previous studies, we can see that in most MNCs, the plastic deformation 

ability is limited by the thickness of each single layered phase. The interface in the MNCs 

can not only influence the strength of MNCs but also affect their ductility and the fracture 

behaviors. However, it is still unclear how the interface in MNCs affects the fracture mode 

of MNCs and how the crack interacts with the interface under external loading. Atomistic 

simulations, such as molecular dynamics (MD) simulations, can shed light onto the failure 

mechanisms of NC materials by directly revealing the underlying atomic scale processes 

of the deformation and fracture. Fracture behavior for NC metals, nanotwinned metals and 

gradient metals have had been explored by previous atomistic simulations 19-21. In this 

study, we perform MD simulations of the deformation in Cu/Nb MNCs with a preexisting 

crack to explore the crack propagation and fracture behavior of MNCs. Our simulation 

results show that the interface can increase the fracture resistance of the brittle Nb layer by 

providing the dislocation sources to generate the plastic strain at the front of the crack. The 

fracture resistance of both layers would be enhanced by increasing the layer thickness. 

Introducing grain boundaries (GBs) would decrease the fracture resistance of Nb layer, as 

he GBs act as the weakest location promoting the intergranular fracture. 

2. MATERIALS AND METHODS 

We perform the MD simulation by using Large-scale Atomic/Molecular Massively 

Parallel simulator (LAMMPS) codes 22. Interatomic potentials based on the Embedded 

Atom Method (EAM) was used to describe the force between each atom. Potential 
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developed by Mishin et al. , Ackland et al. and Zhang et al. were used to describe the 

interatomic force for Cu-Cu, Nb-Nb and Cu-Nb respectively 2,23,24. These potential have 

been used widely in the last decade for many studies and provided insight for understanding 

the deformation mechanism 25-28.   

 To study the effect of interface and the coupled effect of interface and grain 

boundaries on fracture behavior of MNCs, we adopt multiple types of samples in our model 

which include two-phase samples of single crystalline (SX) Cu/Nb, polycrystalline (PX) 

Cu/Nb, and single phase samples of SX Cu, SX Nb, PX Cu, PX Nb. Figure 1 presents the 

examples of samples used in our calculations. Periodic boundary conditions have been 

applied along the thickness direction, while a fixed boundary condition was set in the other 

two directions under external loading. A pre-existing crack is created with the crack tip end 

at the center of each sample. To mimic the microstructure of Cu/Nb composites synthesized 

by the physical vapor deposition method (PVD) 29, the crystallographic orientation for the 

Cu layer is set as x-[11-2], y-[1-10], and z-[111], while the crystallographic orientation for 

the Nb layer is set as x-[11-2], y-[111], and z-[1-10]. This configuration of Cu and Nb 

phases follows the Kurdjumov-Sachs (KS) orientation relationship 30. In the PX Cu/Nb 

samples, a modified Voronoi method 31 was used to create the nano grains with a hexagonal 

grain shape shown in Figure 1(b). The grain size for PX samples in this study was set to be 

10nm. We fixed one pair of Cu/Nb grains with the initial crystallographic orientation 

described above and rotated the neighboring grain pairs by 30°, 60° and 90° degree along 

the thickness direction shown in Figure 1 (b). In this way, stable large angle GBs can be 

created and the KS orientation relationship can still be maintained in each of pair the Cu/Nb 

grains. Finally, to explore how the layer thickness affects the fracture behavior of MNCs, 
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we vary the layer thickness of both SX Cu/Nb and PX Cu/Nb samples from 5 nm to 20 nm 

in our model.  

 

 

Figure 1. Initial configuration of Cu/Nb samples with a preexisting crack: (a) single 

crystalline (SX) Cu/Nb sample, (b) polycrystalline (PX) Cu/Nb samples. (Atoms colored 

by the CAN method. Atoms with green, blue and white represent the FCC, BCC and 

unknown atoms, respectively. The unknown atoms general represents the atoms locate at 

grain boundaries and interface.) The crystallographic orientation for Cu layer is set as x-

[112̅], y-[11̅0], and z-[111], while the crystallographic orientation for Nb layer is set as x-

[112̅], y-[111], and z-[11̅0]. G1 have the same crystallographic orientation in (a), G2, G3, 

G4 were rotated by 30°, 60° and 90° degree along the Z-axis. 

 

 Before experiencing loading, the samples were relaxed by the conjugate gradient 

method, then equilibrated at 300K for about 40 ps by the Nose/Hoover isobaric-isothermal 

ensemble (NPT) 31 and the pressure in the Z direction was kept at zero 32,33. After relaxation, 

we load the sample by increasing the stress intensity factor of 0.015 MPa√𝑚  per step 

based on the fracture mechanics solution for mode-I fracture 19. During each loading step, 

the boundary atoms within 1 nm from the edge in X and Y directions were fixed while 

other mobile atoms were allowed to relax for 1 ps. The crack tip was recorded to extract 
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the crack length at a specific applied strain. Common neighbor analysis method 24 and 

Green strain tensor 34 were calculated to characterize the microstructure evolution. 

Dislocation structures were generated by the dislocation extraction algorithm (DXA) 35. 

Finally, the atomistic structures were visualized by the software OVITO 36. 

 To determine Greens strain, 𝑬𝑖𝑗, for each atom, we calculated the local deformation 

gradient tensor F for each atom based on the derivative of the relative displacements of the 

atom’s neighbors  

𝑭𝑖𝐼 =
𝜕𝑥

𝜕𝑋
      (1) 

where X = [X1, X2, X3] is the original distance vector for atoms to their references before 

deformation, and x = [x1, x2, x3] is the new distance vector during deformation. The 

neighboring atoms should locate within a cutoff radius for 3.5 Angstrom, which can include 

at least three non-coplanar neighbors for the targeted atom 37. Then Greens strain 𝐸𝑖𝑗 is 

calculated by: 

𝑬𝑖𝑗 =
1

2
(𝑭𝑖𝐼𝑭𝑖𝑗 − 𝛿𝐼𝐽)     (2) 

where 𝛿𝐼𝐽 is the identity tensor. 

3. RESULTS AND DISCUSSION 

3.1. SINGLE CRYSTALLINE SAMPLES WITHOUT GRAIN BOUNDARIES 

Figure 2 shows the atomistic structure for different SX samples at 15% engineering 

strain.  The atoms in these figure were colored by the Green strain component εxx.. Figure 

2 (a)-(c) present the samples for SX Cu, Cu layers in 5nm and 20 nm SX Cu/Nb samples, 

respectively.  Crack tips in Cu for all three samples were blunted. The crack in SX Cu and 

Cu layer in 20nm SX Cu/Nb samples traveled almost the same distance at 15% strain, while 
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the crack length in Cu layer of 5nm SX Cu/Nb sample is pronounced longer than the 

previous two cases. Figure 2 (d)-(f) present the shape and propagation path of the crack in 

SX Nb, Nb layer of 5 nm and 20 nm SX Cu/Nb samples. It is obvious that the final lengths 

of the crack in Nb layer of SX Cu/Nb samples are shorter than that in the SX Nb sample. 

In addition, the larger the layer thickness of the SX Cu/Nb samples, the shorter the crack 

length is.  

The specific crack tip propagation distances versus the applied strain for all samples 

are shown in Figure 3 (a). We can see that the crack propagation distances in SX Cu or Cu 

layers of SX Cu/Nb samples are all below 75 Å. The crack propagation distances are always 

larger in SX Nb or Nb layer of SX Cu/Nb samples than that in Cu. Therefore, even if the 

initial preexisting crack position are the same in both Cu and Nb layers in Cu/Nb samples, 

crack propagation path and distance may be different for each phase in MNCs. This trend 

is consistent with experiment results 18 that the crack grows faster in the Nb layer than in 

the Cu layer as shown in Figure 4.  

Among the SX Nb sample and the Nb layer of SX Cu/Nb samples, the SX Nb 

sample has the largest crack propagation distance and fastest propagation rate shown in 

Figure 3 (a). It indicates that Cu/Nb interface can slow down the crack propagation rate 

and increase the fracture resistance ability in the Nb layer. At 15% strain, the crack 

propagated distance has been decreased by 42% from 21 nm in SX Nb to 12 nm in the Nb 

layer of 5nm SX Cu/Nb. Moreover, the improvement of fracture resistance is more 

prominent in the thicker Nb layer. Compared to the SX Nb sample, the final propagation 

distance for the Nb layer in the 20nm SX Cu/Nb decrease from 21 to 6 nm. Thus, the thicker 

the sample, the better the crack resistance is in the Nb layer. This trend is also consistent 
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with the results from a previous experimental study by Kavarana et al. 14, which 

demonstrated that that the ductility of MNCs increases with the bilayer thickness.  

 

 

Figure 2. Atomistic structures for samples at 15% strain, atoms colored by the green 

strain component, εxx. (a) SX Cu, (b) Cu layer in 5 nm SX Cu/Nb, (c) Cu layer in 20 nm 

SX Cu/Nb, (d) SX Nb, (e) Nb layer in 5 nm SX Cu/Nb, (f) Nb layer in 20 nm SX Cu/Nb. 

 

 

Figure 3 (b) shows the evolution of the stress intensity factor (SIF) versus the crack 

tip propagation distance. Similar to the trend shown in Figure 3 (a), SX Cu and Cu layer in 

Cu/Nb samples have larger SIF than those in the SX Nb and Nb layer in Cu/Nb. And SX 

Cu and Cu layer in 20 nm SX Cu/Nb carry similar values of SIFs over the same crack tip 

propagation range and both are larger than that for the Cu layers in 5nm the SX Cu/Nb 

sample. In addition, the SIFs for the Nb layer in Cu/Nb samples are larger than that for the 

SX Nb. Additionally, the larger the layer thickness, the higher SIFs of each phase in Cu/Nb 

samples.  
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Figure 3. (a) Plot of crack propagation distance for different SX samples. (b) Stress 

intensity factor curves for different SX sample. (c) Green strain per volume for different 

SX samples. 
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Figure 4. (a) One crack in Cu/Nb MNCs from the experimental work 18. (b) One crack in 

SX Cu/Nb samples in this study (The fractured layer is Nb layer and atoms were colored 

by their Y coordinate. Note: the crack growth direction is perpendicular to the paper in 

both experimental and simulation tests). (c) Dislocation nucleating from the interface and 

crack tip (Atoms with BCC type were set invisible. Atoms were colored by their Z 

coordinate. Dislocations with green colors is for 1/2 <111> in {110} slip system.). (d) 

Confined layer slip of dislocations. (Dislocations with purple colors represent the 

dislocation junction.) 
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Since no GBs exist in all SX samples, Greens strain shown in Figure 2 should 

totally result from the dislocation activities. The Greens strains in Nb layers of SX Cu/Nb 

samples are more uniform than that in the SX Nb sample. That indicates each slip system 

in the Nb layer of SX Cu/Nb samples carry a similar amount of plastic deformation induce 

by dislocation activities, while the dislocation activities were more focused on one or two 

slip systems in SX Nb sample. Figure 3 (c) compares the total Greens strains induced by 

dislocation activities per volume for SX samples. It is clear that at the same applied strain, 

the Green strains induced by dislocation activities are higher in SX Cu and Cu layer in 

Cu/Nb than those in the Nb phase or layers. The evolution of the Green strain in each case 

is consistent with the crack propagation distance shown in Figure 3(a) and SIFs in Figure 

3(b). The phase with higher SIF and shorter crack propagation distance normally contains 

larger Green strain. In metallic materials, there are two ways to release the excess elastic 

energy stored within the materials: i) creating new surfaces by opening cracks, or ii) 

changing the shape of the material via plastic deformation. In the SX samples, the plastic 

deformation was mainly induced by the dislocation activities. Thus, larger Green strain 

under the same applied strain indicates more plastic deformation induced by dislocation 

activaties that suppressed the crack propagation to create new surfaces. In the Cu/Nb 

samples, the interface provides dislocation sources for nucleating interfacial dislocations 

into each phase as shown in Figure 4 (c) and (d). Thus, the Nb layers in Cu/Nb samples 

have more Greens strain than the SX Nb sample. In addition, thicker Cu/Nb samples carry 

larger Greens stains in both Cu and Nb layers. That is because the confined layer slip (CLS) 

is the main dislocation activity in the SX Cu/Nb samples as shown in Figure 4 (d). The 
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critical stress for activating confined layer slip is inversely proportional to the layer 

thickness as the following 11: 

𝜏𝐶𝐿𝑆 =
𝜇𝑏 𝑠𝑖𝑛 𝜑

8𝜋ℎ
(
4−𝑣

1−𝑣
) ln

𝛼ℎ

𝑏 𝑠𝑖𝑛 𝜑
                                    (3) 

where h is the layer thickness, μ the shear modulus, ν the Poisson’s ratio, φ the angle 

between slip plane and the layer interface, b the Burgers vector of dislocation, and α is a 

coefficient representing the extent of the dislocation core. Therefore, the larger the layer 

thickness, the smaller the critical stress is to activate dislocation motion within the layer. 

The dislocation induced plasticity would increase with the layer thickness, and therefore 

increase the Green strain and suppress the crack propagation. In SX samples, dislocations 

can only come from the crack tip due to the high stress concentration, and the number of 

dislocation sources is limited. In contrast, the available dislocation sources are plentiful in 

the Cu/Nb sample due to the high density of interfacial dislocation networks 9,38. That is 

why the Green strain in Cu layer in 20 nm Cu/Nb sample is even larger than that in the SX 

Cu sample.  

3.2. POLYCRYSTALLINE SAMPLES WITH GRAIN BOUNDARIES  

Figure 5 shows the atomistic structure for different PX samples at 12 % engineering 

strain. Figure 5 (a)-(c) present the samples for PX Cu, Cu layers in 5nm and 20 nm PX 

Cu/Nb samples, respectively. For PX Cu, the crack propagated within the initial grain 

firstly. After the tip approach the GBs, the propagation stopped and the crack was blunted 

at GBs as shown in Figure 5 (a). For the Cu layer in 5 nm PX Cu/Nb sample, after the 

preexisting crack approached the closest GBs, it continued growing along other GBs. That 

induced the intergranluar fracture in the thin Cu layer. However, when the layer thickness 
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of Cu layer increased to 20 nm, the intergranular fracture disappeared and crack also was 

blunted at GBs as shown in Figure 5 (c).  

Figure 5 (d)-(f) present the shape and propagation path of the crack in PX Nb, Nb 

layer in 5 nm and 20 nm PX Cu/Nb samples, respectively. Although cracks in all three 

samples propagated along the GBs, differences still exist between the PX Nb and Nb layer 

in the PX Cu/Nb samples. In PX Nb, multiple cracks nucleated at the GBs in front of the 

preexisting crack. Those newly formed cracks grow along the GBs. Once they coalesced 

with the preexisting crack, a long crack formed across multiple GBs.  The crack in the 

Cu/Nb grows much slower and little or to no new cracks nucleated at the front of the 

preexisting crack. 

 

 

Figure 5. Atomistic structures for different PX sample at 12% strain: (a) PX Cu, (b) Cu 

layer in 5 nm PX Cu/Nb, (c) Cu layer in 20 nm PX Cu/Nb, (d) PX Nb, (e) Nb layer in 5 

nm PX Cu/Nb; (f) Nb layer in PX 20 nm Cu/Nb.  

 



62 

 

 

Figure 6. (a) Plot of crack propagation distance for different PX samples. (b) Stress 

intensity factor for different PX samples. (c) Green strain per volume for different PX 

samples. 
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Figure 6 (a) plots the crack propagation distance versus the engineering stain for all 

PX samples. From the plot, we can see the crack propagation process for PX Cu sample is 

nearly the same as that in Cu layer of 20 nm PX Cu/Nb sample. Since there was no crack 

blunting, the crack propagation distance in Cu layer of 5 nm PX Cu/Nb sample is much 

larger than the PX Cu after 6% strain. As the layer thickness increases from 5nm to 20 nm, 

the fracture resistance ability of Cu layer in Cu/Nb MNCs may recover to the same level 

as single phase PX Cu sample. Figure 6 (a) also indicates that the trend of crack propagation 

distance for PX Nb and Nb layer in PX Cu/Nb samples is similar to that in SX samples: i) 

introducing the Cu/Nb interface improved the fracture resistance of the Nb layer, ii) the 

thicker the layers, the better the crack resistance is. Figure 6 (b) shows the fracture 

toughness curves for all PX samples. We can see that, at the same crack tip propagation 

distance, the value of SIFs in the 20 nm Cu layer and single phase PX Cu are the same, 

both of which are larger than the SIF in 5 nm Cu layer. For Nb, the SIF of 5 nm Nb layer 

is the lowest one among the three cases. The SIF curves for 20 nm Nb and PX Nb overlap 

each other for the first 50 Å. After the crack propagated 50 Å, the SIF curve of 20 nm Nb 

deviated from the PX Nb curve. That means the Cu/Nb interface suppressed the crack 

propagation and increased the SIF in the 20 nm Cu/Nb.    

Figure 6 (c) compares the total Green strain induced in PX samples. The Green 

strain induced by grain boundaries atoms were not considered on this plot, as the shape, 

size of grains and the GBs types are exactly the same for all PX samples. It is clear that the 

Green strain in the PX Cu samples is always the highest one among all cases, followed by 

the Cu layer in 20 nm Cu/Nb sample. The single phase PX Nb displays lowest Green strain 

for the full range of applied strain. This trend is consistent with the crack propagation 
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distance plot in Figure 6 (a). Since the excess stored elastic energy can either be released 

by the crack propagation or dislocation slip, larger Green strains induced by the dislocation 

slip can suppress the crack propagation and increase the SIF. Thus, the Green strain in Nb 

layers bonded by the Cu/Nb interfaces are higher than that in the single phase PX Nb and 

increasing the layer thickness can facilitate the dislocation activities to generate more 

Green strain.     

4. CONCLUSION 

In this work, we studied the fracture resistance of single crystalline and 

polycrystalline Cu/Nb MNCs by using MD simulations. Our simulation results are 

consistent with previous experiment results, which revealed that cracks in Cu and Nb layers 

may exhibit different propagation paths and distances under the same external loading. Nb 

layer in Cu/Nb samples exhibited better fracture resistance compared with the single phase 

Nb samples, as the interface can provide abundant dislocation sources for plastic 

deformation at the crack tip that can suppress the crack propagation and increase the 

fracture resistance in MNCs. Compared with the single crystalline Cu samples, the Cu/Mb 

interface would deteriorate the fracture resistance of Cu layers when the layer thickness of 

Cu is below 20 nm. As the layer thickness increases to 20 nm, the Cu layers in the MNCs 

possess a similar fracture resistance as that in the single phase Cu samples, as the CRSS to 

drive the dislocation motion decrease with the increment of the layer thickness. GBs in 

polycrystalline Cu/Nb samples would decrease the fracture resistance of Nb layer by 

promoting the intergranular fracture, while the effect of interface and layer thickness on 

the fracture resistance of MNCs will not be altered by the GBs. Our findings in this work 
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can provide fundamental understanding of the fracture behavior of MNCs and have 

implications for the design of nanostructured materials with better fracture resistance.  
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ABSTRACT 

The strain hardening behavior of Al-TiN nanolayered composites induced by 

plastic incompatibility was studied by 3-D discrete dislocation dynamics (DDD) 

simulations. Our simulations results indicate the strain hardening rate solely induced by 

the plastic incompatibility is independent of layer thickness and dislocation density at a 

constant layer thickness ratio, while the yield stress exhibits a strong size effect. 

Furthermore, the strain hardening rate increases with decreasing Al/TiN layer thickness 

ratio and our predicted results match well with prior experiment data.  

Keywords: Discrete dislocation dynamics, Strain hardening, Plastic incompatibility, 

Nanolayered composites 

1. INTRODUCTION 

Metal-ceramic nanolayered composites (MCNCs) which composed of alternating 

metal and ceramic layers at nanoscale have attracted much attention in the materials science 

community due to their promising mechanical, physical, and chemical properties 1-6. These 
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new advanced materials are practically useful for harsh environments and extreme loading 

and can lead to new performance levels not achievable with current materials 7,8.  

Recently, several experiment groups have performed micro-compression testing on 

MCNCs to study their mechanical response under uniaxial compressive stress. Lotfian at 

al.9 investigated the influence of temperatures on the mechanical behavior of SiC/Al 

MCNCs and found that the composites presented a very high strain hardening rate at 23°C, 

while the hardening rate decreased dramatically at 100˚C. In addition, plastic deformation 

of Al layers was constrained by SiC layers at 23˚C while massive extrusion of the Al out 

of pillars was observed at 100˚C. Singh at al.10 did fractographic analysis of the compressed 

pillars and claimed that the mutual constraint between the hard and soft layers was thought 

responsible for the very high strengths. For Al-TiN nanolayered composites, Bhattacharyya 

at al.1 revealed that the high strengths were layer thickness dependent and accompanied by 

ultrahigh strain-hardening rates. Besides that, their cross-sectional transmission electron 

microscopy observations indicated that few dislocation pileups formed in Al layers that 

can prevent the concentration of stresses and thus enhance the uniform deformation of the 

TiN layers 11. Li at al. 12 revealed a profound size effect on the mechanical deformation of 

Al-TiN nanolayered composites, i.e., significant plastic co-deformation is only observed 

when the layer thickness is reduced to a few nanometers. For Cu/PdSi multilayered 

composites with layer thicknesses ranging from 10 to 120 nm, Knorr at al.13 found both Cu 

and PdSi layers co-deform without delamination, rupture, cracking or localized shear up to 

85% plastic strains.  

Most prior experiment studies demonstrated that the high strengths of MCNCs at 

room temperature were accompanied by ultra-high strain hardening rates that were of the 
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order of E/10-E/2. This extraordinarily strain hardening behavior is attributed to the plastic 

co-deformation in MCNCs 14, which can be rationalized as follows. Plastic deformation 

first commences in metal layers because of the relatively lower yield strength and higher 

mobility of dislocations as compared to ceramics. Dislocations glide in the metal layers 

confined by metal-ceramic interfaces, depositing dislocations at the interfaces. The glide 

dislocations from the metal layer deposited at the interfaces represent the plastic 

incompatibility between the two layers. Accompanying the development of plastic 

deformation in metals, the further nucleation and gliding of dislocations in metal layers 

become difficult, corresponding to strain hardening induced by plastic incompatibility. 

Besides this major hardening mechanism, the interactions between mobile dislocations and 

accumulated interfacial dislocations and the interactions between mobile dislocation 

dipoles also hinder the gliding of dislocations in layers. Currently, quantitative analysis of 

each hardening mechanism is still lack. Further work is needed to understand the 

underlying mechanisms that control the mechanical response of MCNCs. 

3-D discrete dislocation dynamics (DDD) model is a powerful tool for exploring 

plastic deformation of metallic systems at both small scales and bulk sizes 15-23. Most recent 

developments of 3-D DDD model were for studies of the size-effect in single crystal pillars, 

which is known to be induced by the limitation of available sources and the variation of 

dislocation source lengths at small scales. For the studies on metallic nanolayers, the two 

main foci are determining the stress required for a dislocation to cross an interface 24-26 and 

the stress required to propagate dislocations in a confined layer slip (CLS) mode 27-29. 

However, 3-D DDD model has not yet been applied on the study of the mechanical 

response of MCNCs.  
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In this study, we employ 3-D DDD simulations to quantitatively analyze the effect 

of plastic incompatibility on the mechanical response of Al-TiN nanolayered composites 

under uniaxial compression. We compare our simulation results with experiment data from 

micro-compression testing to explore the effects of dislocation density, strain rate, layer 

thickness and modulus mismatch on the mechanical response of Al-TiN nanolayered 

composites.   

2. METHODS 

The 3-D DDD framework described in ref. 30,31 has been used in this study to 

simulate the mechanical response of Al–TiN nanolayered composites under uniaxial 

compression. A bilayer model composed of Al and TiN layers is adopted with periodic 

boundary condition in all three directions. According to the experiment results1, the x, y 

and z directions of the simulation box correspond to [112̅], [11̅0] and [111] directions in 

the Al phase, respectively. The lengths of the box in x and y directions are both around 1.0 

μm. The uniaxial compression is applied along the z direction perpendicular to the interface 

to mimic the micro-compression experimental condition and while thickness of each phase 

varies in different cases.  

In this study, we assume (a) the TiN layer can only be elastically deformed during 

the entire simulation; (b) the interface between the TiN and Al layers is strong enough to 

bond these two phases together, such that the Al and TiN layers will be forced to deform 

equally in the x–y plane. The total strain of the composite in x and y directions are  𝜀𝑥̅ =

𝜀𝑥
𝐴𝑙 = 𝜀𝑥

𝑇𝑖𝑁, 𝜀𝑦̅ = 𝜀𝑦
𝐴𝑙 = 𝜀𝑦

𝑇𝑖𝑁, and the total strain of the composite in the z direction can be 

calculated by 𝜀𝑧̅ = (ℎ𝐴𝑙𝜀𝑧
𝐴𝑙 + ℎ𝑇𝑖𝑁𝜀𝑧

𝑇𝑖𝑁)/(ℎ𝐴𝑙 + ℎ𝑇𝑖𝑁), where ℎ𝐴𝑙  and ℎ𝑇𝑖𝑁  are the layer 
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thicknesses, 𝜀𝑥
𝐴𝑙, 𝜀𝑦

𝐴𝑙 and  𝜀𝑧
𝐴𝑙 are the strains in x, y and z directions for Al phase; 𝜀𝑥

𝑇𝑖𝑁, 𝜀𝑦
𝑇𝑖𝑁 

and 𝜀𝑧
𝑇𝑖𝑁 are the strains for TiN phase. The compressive loading is applied along the z 

direction and this configuration stratifies an isostress condition: 

𝜎𝑥 =
ℎ𝐴𝑙𝜎𝑥

𝐴𝑙+ℎ𝑇𝑖𝑁𝜎𝑥
𝑇𝑖𝑁

ℎ𝐴𝑙+ℎ𝑇𝑖𝑁
= 0      (1a) 

𝜎𝑦 =
ℎ𝐴𝑙𝜎𝑦

𝐴𝑙+ℎ𝑇𝑖𝑁𝜎𝑦
𝑇𝑖𝑁

ℎ𝐴𝑙+ℎ𝑇𝑖𝑁
= 0      (1b) 

𝜎𝑧 = 𝜎𝑧
𝐴𝑙 = 𝜎𝑧

𝑇𝑖𝑁      (1c) 

where 𝜎𝑥
𝐴𝑙, 𝜎𝑦

𝐴𝑙 and 𝜎𝑧
𝐴𝑙 are the stresses in x, y and z directions for the Al phase, and   𝜎𝑥

𝑇𝑖𝑁, 

𝜎𝑦
𝑇𝑖𝑁 and 𝜎𝑧

𝑇𝑖𝑁  are the stress for the TiN phase. In this work, both phases are taken to be 

elastically isotropic and the materials properties were used: Shear modulus EAl = 70 GPa, 

ETiN = 251 GPa and Poisson’s ratio υAl = 0.35, υTiN = 0.25.  

 

 

 

Figure 1. Dislocation structures: (a) initial; (b) 5% strain (the evolution of dislocation 

structure can be found in Supplemental materials) 
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In order to study the effect of plastic incompatibility on the mechanical response of 

Al-TiN nanolayered composites, the interfaces between the two phases are considered 

impenetrable for dislocations and the dislocation nucleation, dislocation interactions are 

not considered in this work.  

3. RESULTS AND DISCUSSION 

To explore the plastic deformation in Al layers, dislocation loops are randomly put 

in Al layers at the beginning of the simulation and each slip system is assigned an equal 

number of dislocation loops. Figure 1(a) shows an example of initial dislocation structure 

in the simulation box with the thicknesses of ℎ𝐴𝑙 = 18 nm and ℎ𝑇𝑖𝑁 = 2 nm, respectively. 

A constant strain rate of −2.0×105 is applied along the z direction perpendicular to the 

interface. To test the effect of initial dislocation density on the simulation results, two 

different initial dislocation densities are used for comparison, ρ = 6.5×1013 m-2 for 36 

dislocation loops and ρ = 1.3×1014 m-2 for 72 dislocation loops.  Figure 2(a) shows the 

stress-strain curves for two different densities under the same applied strain rate together 

with experiment results from Al-TiN miropillar compression test 1. It is clear that the strain 

hardening rates for different densities are the same and very close to that for the 

experimental curve inthe plastic regime. Estimated from both our simulation and 

experiment results, the strain hardening rate is at the order of EAl/5 for ℎ𝐴𝑙 = 18 nm and 

ℎ𝑇𝑖𝑁 = 2 nm composite where EAl is the shear modulus of Al. This value is much higher 

than the strain hardening rate for bulk Al which is typical less than 500 MPa 1. Obviously, 

the initial dislocation density only affects the yielding point of the stress-strain curves by 

raising it with fewer dislocations. However, this effect is tiny as demonstrated in Figure 
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2(a). Decreasing the density from 1.3×1014 m-2 to 6.5×1013 m-2 can only increase the 0.2% 

offset yield stress, σ0.2%, about 1.2 %.  

 

 

Figure 2. Stress–strain curves (a) for hAl = 18nm and hTiN = 2nm under different strain 

rates and dislocation densities, ρ, compared with experimental data (symbols); (b) 

different layer thicknesses with  hAl : hTiN = 9 : 1. 

 

 

Since the applied strain rate in this study is much higher than that used in 

micropillar compression testing, we also investigated the effect of applied strain rate on the 
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simulation results by increasing and decreasing the applied strain rate for five times to 

−1.0×106 s-1 and −4.0×104, respectively. The stress-strain curves from three different 

applied strain rates are shown in Figure 2(a). We can see that the slope of the stress-strain 

curves in plastic regime is not affected by the change of the applied strain rate, although 

the σ0.2% increases about 1.4 % from 𝜀̇ = −2.0×105 s-1 to 𝜀̇ = −1.0×106 s-1 and decrease 

about 1.8 % from 𝜀̇ = −2.0×105 s-1 to 𝜀̇ = −4.0×105 s-1. When compared with experimental 

results, the 0.2% offset yield stresses for  𝜀̇  = −4.0×104 s-1, 𝜀̇  = −2.0×105 s-1 and 𝜀̇  = 

−1.0×106 s-1 from our calculations are about only 1.6 %, 2.2 % and 3.6% larger than that 

from micropillar compression test, respectively. Thus, the high applied strain rate in this 

study is not critical for the mechanical response of Al-TiN nanolayered composites. 

In this study, the ultra-high strain hardening rate in Al-TiN nanolayered composites 

is solely induced by the plastic incompatibility between the Al layer and TiN layer. After 

yielding, the motion of dislocations in the Al layer generates plastic strain to make the Al 

layer expanded in the x-y plane, while the TiN layer does not yield and is still under elastic 

deformation at that time. As the interface is strong enough to force Al and TiN layers to 

deform equally in the x–y plane, the Al layer will experience compressive stress exerted 

from the TiN layer to constrain its in-plane expansion. This compressive stress on Al layers 

will slow down the motion of dislocations and induce strain hardening effect on the whole 

sample. Although this strain hardening effect induced by the plastic incompatibility 

between metallic and ceramic layers has already been mentioned in several studies 22,26,27, 

our work is the first time, to the best of our knowledge, quantitatively analyzing this strain 

hardening effect isolatedly. 
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Figure 3. Stress-strain curves for different Rh with hAl = 18nm; (b) strain hardening rates, 

S, vs. layer thickness ratio, Rh. 

 

 

To understand how strain hardening could be influenced by the variation of layer 

thicknesses, we performed a series of simulations for different layer thicknesses with a 

constant layer thickness ratio, 𝑅ℎ = ℎ𝐴𝑙:ℎ𝑇𝑖𝑁, at 9:1. All these simulations are under the 

same applied strain rate of −2.0×105 s-1and with the same initial dislocation density at 
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1.3×1014 m-2. The stress-strain curves are shown in Figure 2(b). It is interesting that, 

regardless of layer thickness, all the slopes of the stress-strain curves in plastic regime are 

almost the same at the order of EAl/5, while the yield stress increases with decreasing layer 

thickness. Results of this comparison suggest that the strain hardening behavior solely 

induced the plastic incompatibility is independent of the layer thickness at a constant layer 

thickness ratio. According to equations (1a) and (1b), the magnitude of the compressive 

stress, σ𝑥 𝑜𝑟 𝑦
Al  is proportional to 

hTiN

hAl
. If the thicknesses of Al and TiN decrease at the same 

time with a constant thickness ratio, the magnitude of in-plane compressive stress on Al 

layers will not change. Thus, the strain hardening rate will not change with the thickness 

itself, but with the thickness ratio. It is worth to mentioning that there are no slip activity 

parallel to the interface in this study, which may affect the strain hardening behavior by 

intersecting the mobile dislocations. However, the dislocation interactions are not 

considered in this work. Thus, the simulation results will not change with or without slip 

activities parallel to the interface.  

According to the rule-of-mixtures, the elastic modulus of Al-TiN nanolayered 

composites will increase with the volume fraction of the TiN phase, as the modulus of the 

TiN phase is much higher than that for the Al phase. However, the influence of the volume 

fraction (or layer thickness ratio in this study) on the plastic behavior of Al-TiN 

nanolayered composites is still unclear. To gain insight on how strong the influence of 

layer thickness ratio is on the strain hardening behavior, we repeated the simulations for 

various Rh from 1:1 to 9:1 at a constant Al layer thickness of 18 nm. Figure 3 (a) compares 

the stress-strain curves for these cases and Figure 3(b) plots the strain hardening rate vs. 

the layer thickness ratio. We observe that the predicted strain hardening rate in plastic 
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regime increases with the volume fraction of TiN phase. This trend follows prior 

experimental results from Al-TiN micropillar compression testing 1. More interestingly, 

our predicted strain hardening rates for Rh = 1:1 and 9:1 match well with the values from 

micropillar compression test which are EAl/2 and EAl/5, respectively.  In addition, we found 

that our predicted strain hardening rate can be fitted by ln(S) = −0.14Rh + 3.8, where S is 

the strain hardening rate and Rh is the layer thickness ratio.  

Although we idealize the interface by assuming it is strong enough to force Al and 

TiN layers to deform equally in the x–y plane, this basic assumption is not contrary to the 

experiment observations. In actual Al-TiN micropillar compression test 1, no extrusion of 

the Al layers at the edges of the pillar was observed at room temperature even with the total 

strain larger than 10%. That means the interface is strong enough to bond these two phases 

together, which supports our basic assumption. We also need to emphasize that the TiN 

layer is assumed to be deformed elastically, and this study only investigates the strain 

hardening behavior of Al-TiN nanolayered composites with layers thickness above 5nm. 

Although the plastic deformation of the TiN layer is observed at 5 nm and below in Ref. 

12, it will not affect our basic assumption here, since the experiment in Ref. 12 also 

confirmed that the plastic deformation in TiN was suppressed above 5 nm. 

In making comparisons of our simulation results with experimental curves, it 

should be mentioned that the transition from elastic to plastic regime of the experiment 

curves is smoother than those from our simulations, even though the strain hardening rates 

from our calculations match well with experiment results. There are two major factors not 

considered in this study that may cause this difference: dislocation interaction and 

dislocation nucleation from the interface. While the calculation of dislocation nucleation 
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and interactions need more time and effort, especially for the interactions between 

dislocations in the Al phase and dislocations on the interface. That is out of the scope of 

this study. Wang et al. 8,14 recently analyzed the effect of dislocation nucleation on the 

plastic deformation in MCNCs. They found that, even before yielding, the nucleation can 

still occur and generate a certain amount of plastic deformation before plastic flow, thus 

the flow stress can be reduced slightly.  

4. CONCLUSIONS 

In summary, 3-D DDD simulations was used in this study to explore the effect of 

plastic incompatibility on the strain hardening behavior of Al-TiN nanolayered composites. 

Our simulations results indicate that the strain hardening rate of Al-TiN nanolayered 

composites is independent of layer thickness and dislocation density at a constant layer 

thickness ratio, while the yield stress shows a strong size-dependent behavior. Furthermore, 

the strain hardening rate increases with decreasing the ℎ𝐴𝑙 :ℎ𝑇𝑖𝑁  ratio and our predicted 

results match well with prior experiment data. Although a great simplification has been 

made in our model, the results from this study can still shed light on the role of dislocation 

mechanisms in the mechanical response of MCNCs. 
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SECTION  

4. CONCLUSIONS AND FUTURE WORKS 

4.1. CONCLUSIONS 

Atomistic simulations, such as Molecular Dynamics (MD) simulations, can shed 

light onto the deformation and failure mechanisms of Nanocrystalline (NC) materials by 

evaluating the underlying atomic scale processes of deformation and fracture. With the 

input parameters from atomistic simulations, 3-Dimentional (3-D) Discrete Dislocation 

Dynamics (DDD) can be used to explore plastic deformation of metallic systems at both 

the nano and micro-scales. In this research, both the MD and the 3-D DDD were used to 

study the deformation of Metallic Nanolayered Composites (MNCs) or Metal-Ceramic 

Nanolayered Composites (MCNCs) and explore the effect of the interface and grain 

boundaries on mechanical properties. 

In paper one, MD simulations were applied to investigate the microstructural size 

scaling on the strength of NC MNCs Cu/Nb composites. Scaling effects on both the 

intralayer NC grain size d and layer thickness h were investigated. The calculations 

revealed strongly coupled d-h effects. Unlike single crystalline MNCs without grain 

boundaries, where plasticity is initiated by emission of dislocations from the interfaces 

preferentially into one of the phases, in polycrystalline MNCs dislocations are emitted from 

the junctions between grain boundaries and interfaces. Therefore, both phases participate 

in yield and plastic flow in polycrystalline MNCs.  Further, the grain size d controls the 

yield phenomenon, with the finest of grain sizes d ≤ 5 nm yielding via intralayer Gain 

Boundary Sliding (GBS), and larger grain sizes d > 5 nm yielding by intralayer Grain 
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Boundary dislocation Emission (GBE). Last, the grain size d also affects the sensitivity of 

NC MNCs strength to reductions in h.  Partial dislocation activity occurs when GBS 

dominates and the effect of h on strength is weak, whereas full dislocation activity prevails 

when GBS is small (< 60%) and the smaller the amount of GBS the greater the gains in 

strength with reduction in h. The grains should be as large as possible to improve the 

strengthening benefits of reductions in layer thickness. In most cases, the grain size of 

MNCs with different h are not reported or are not the same. These findings help to better 

interpret h-scale effects on measured yield or flow strength.  

In paper two, an atomistic simulation was applied to study the fracture resistance 

behavior of Cu/Nb MNCs. The effects of the interface, the layer thickness, and grain 

boundaries were investigated. Results show that Cu and Nb layers have different crack 

propagation paths and distances, consistent with the previous experimental work. 

Compared with single phase Nb samples, the interfaces can increase the fracture resistance 

of Nb layers by promoting interfacial nucleation of dislocations and creating uniform 

plastic deformation. In contrast to single-phase Cu samples, the interface decreases the 

fracture resistance of Cu layers when the layer thickness is small (< 10 nm). The fracture 

resistance of both layers would benefit by a thicker sample. When the layer thickness 

increases to 20 nm the Cu layers in the MNCs have a similar fracture resistance to single-

phase Cu samples because the critical resolved shear stress to drive dislocation motion 

decreases with the layer thickness. The introduction of GBs would decrease the fracture 

resistance of the Nb layer by promoting intergranular fracture but does not alter the effect 

of interfaces and the layer thickness. These findings provide the basic information for 
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understanding the mechanics of MNCs and have implications for the design of materials 

with better fracture resistance.  

In paper three, an atomistic-informed dislocation dynamics model was developed 

to study Al-TiN nanolayered composites. As the TiN layers can only be elastically 

deformed during the simulation, this model simplifies the work for investigating the plastic 

incompatibility between two layers. The interfacial nucleation of dislocations was not 

considered in the model since the TiN is a ceramic layer. The simulated results indicated 

that the strain hardening rate of Al–TiN nanolayered composites is independent of the layer 

thickness and the dislocation density at a constant layer thickness ratio. Furthermore, the 

strain hardening rate increases with a decreasing hAl :hTiN ratio and the predicted results 

match well with the prior experimental data. 

4.2. FUTURE WORKS 

The critical grain size of Cu/Nb MNCs for the strength in this study is 5 nm. It is 

of interest to explore why the critical grain size is 5 nm by additional atomistic modeling 

works. In the future, atomistic simulations will be applied to study the Critical Resolved 

Shear Stress (CRSS) for a dislocation to glide in the Cu and Nb phase of Cu/Nb MNCs and 

the CRSS for a tilt grain boundary sliding. Nanolayered composites with the same metallic 

phase in each layer, e.g. Cu/Cu, but different crystallographic orientation relationships, e.g. 

the interface normal is {111} for the first layer and {110} for the second layer, will be 

created and studied by the MD simulation. The initial atomistic structure for Cu/Nb MNCs 

in this study follow the experimental samples fabricated by a PVD method. Since the ARB 

processes produce the Cu/Nb MNCs in a bulk form, which is more commercially viable to 
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production, it is of interest to study Cu/Nb MNCs follow the crystallographic orientation 

relationship in ARB production.  

The dislocation dynamics model in this study is a simplified version and only works 

for the MCNCs. In the future, a modified dislocation dynamics model for MNCs will be 

developed. In the updated model, the behavior of the dislocation in the second layer will 

be considered. Based on the results from atomistic simulation, the interfacial misfit 

dislocation network, the CRSS for the nucleation of interfacial dislocation and the CRSS 

for the nucleation of dislocation from grain boundaries should be considered in the updated 

dislocation dynamics model. Finally, the new dislocation dynamics model will be applied 

to study Cu/Nb MNCs.  
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APPENDIX 

A FORTRAN CODE TO GENERATE THE POLYCRYSTALLINE STRUCTURE 

BASED ON VORONOI ALGORITHM. 

Xl=400.0; Yl=346.0; ZL=150.0; NANG=4 

XLHALF = XL/2.0; YLHALF = YL/2.0; ZLHALF = ZL/2.D0 

RDG(1,1)=0.1*XL;  RDG(2,1)=0.333*YL; RDG(3,1)=0.01 

RDG(1,2)=0.6*XL;  RDG(2,2)=0.333*YL; RDG(3,2)=0.01 

RDG(1,3)=0.35*XL; RDG(2,3)=0.866*YL; RDG(3,3)=0.01 

RDG(1,4)=0.85*XL; RDG(2,4)=0.866*YL; RDG(3,4)=0.01 

 

 DO I=1, NANG 

if(i==1)THETAI=0 

if(i==2)THETAI=Pi/6.0 

if(i==3)THETAI=Pi/2.0 

if(i==4)THETAI=Pi/3.0 

xx=0.0;yy=0.0;zz=1.0 

R11(I) =  cos(THETAI)+xx*xx*(1-cos(THETAI)); 

R21(I) = xx*yy*(1-cos(THETAI))-zz*sin(THETAI); 

R31(I) =  xx*zz*(1-cos(THETAI))+yy*sin(THETAI) ; 

R12(I) =  xx*yy*(1-cos(THETAI))+zz*sin(THETAI); 

R22(I) = cos(THETAI)+yy*yy*(1-cos(THETAI)); 

R32(I) =  zz*yy*(1-cos(THETAI))-xx*sin(THETAI) ; 

R13(I) =  xx*zz*(1-cos(THETAI))-yy*sin(THETAI) ; 

R23(I) = zz*yy*(1-cos(THETAI))+xx*sin(THETAI); 

R33(I) =  cos(THETAI)+zz*zz*(1-cos(THETAI))  ; 

 ENDDO 

alat=3.615000 ! lattice parameters.   

RLIST = alat*SQRT(2.0D0)/2.D0*0.75d0; Ncell = 4; ntype(1:4) = 1 

BASIS(1:3,1) = ZERO; BASIS(1:3,2:4) = HALF; BASIS(1,2) = ZERO      

BASIS(2,3) = ZERO; BASIS(3,4) = ZERO; SHFFT(1:3) = QUAR; I = 1 

 DO IGRAIN =1, NANG 

 DO IBASIS =1, NCELL 

ZLOOP:  DO IZ=-90, 90   

YLOOP:  DO IY=-90, 90 

XLOOP:   DO IX=-90, 90 

          N(1:3) = (/IX,IY,IZ/) 

         RDD(1:3) = BASIS(1:3,IBASIS) + MATMUL(aunit,N) 

 RDD1(i)=RDD(1);RDD2(i)=RDD(2);RDD3(i)=RDD(3); 

     Rd1(I) = RDG(1,IGRAIN)+& 

alat*(R11(IGRAIN)*RDD1(I)+R12(IGRAIN)*RDD2(I)+R13(IGRAIN)*RDD3(I)) 

            Rd2(I) = RDG(2,IGRAIN)+ & 

alat*(R21(IGRAIN)*RDD1(I)+R22(IGRAIN)*RDD2(I)+R23(IGRAIN)*RDD3(I)) 
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            Rd3(I) = RDG(3,IGRAIN)+ & 

alat*(R31(IGRAIN)*RDD1(I)+R32(IGRAIN)*RDD2(I)+R33(IGRAIN)*RDD3(I)) 

  IF(Rd3(I).GT.(ZL-0.5).OR.Rd3(I)<0.5) CYCLE XLOOP 

          DX = Rd1(I)-RDG(1,IGRAIN); DY = Rd2(I)-RDG(2,IGRAIN) 

          DZ = Rd3(I)-RDG(3,IGRAIN); GDC = SQRT(DX**2+DY**2)  

IIGRAIN_LOOP:DO IIGRAIN = 1, NANG 

         IF(IGRAIN.EQ.IIGRAIN) CYCLE IIGRAIN_LOOP  

         DX = Rd1(I)-RDG(1,IIGRAIN); DY = Rd2(I)-RDG(2,IIGRAIN) 

         DZ = Rd3(I)-RDG(3,IIGRAIN) 

IF(DX.GT.XLHALF) DX=DX-XL; IF(DX.LT.-XLHALF) DX=DX+XL 

IF(DY.GT.YLHALF) DY=DY-YL; IF(DY.LT.-YLHALF) DY=DY+YL 

         GD = SQRT(DX**2+DY**2) 

         IF (GD.LT.(GDC))CYCLE XLOOP 

  ENDDO IIGRAIN_LOOP 

 atype(i)=1; I = I + 1   

             ENDDO XLOOP 

             ENDDO YLOOP 

  ENDDO ZLOOP 

 ENDDO 

 ENDDO 

        NAN = I-1 
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