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ABSTRACT

Multi-principal element (MPE) alloys, unlike traditional alloys, consist of five or
more principal elements with near equi-atomic compositions creating a large new
compositional space for exploring new alloy possibilities. However, designing MPE
alloys with the desired phases, microstructures and properties is challenging task, and
there is a demand for basic research for a better understanding of structure-processing-
property relations in these alloys.

In this Ph.D. research, different computational models and experiments were
integrated to study phase formations, and mechanical properties of different MPE alloys.
Density functional theory (DFT) and ab initio molecular dynamics (AIMD) simulations
were used to determine crystal structures, phase stability, and plastic deformation
mechanisms. A modified thermodynamic approach was developed to calculate the phase
diagrams of MPE alloys, and the accuracy of this approach was tested against
commercial software. Experimental casting and characterization, and literature data were
used to validate modeling predictions.

The phase diagram calculations of AlIFeCoNiCu HEA showed coexistence of two
phases at room temperature and stabilization of one phase above 1070 K at the
equiatomic composition. The characterization experiments confirmed the crystal
structures and composition of phases. To investigate the plastic deformation mechanisms
and ductilities of CoCrFeNi-based HEAs, unstable and intrinsic stacking fault and
unstable twinning energies were determined by DFT calculations. Finally, the effects of
interstitial carbon on the phase formations in AlyFeCoCrNiCu HEAs were investigated,

showing formation of different possible carbides and inter-granular graphite.
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1. INTRODUCTION

Multi-principal element (MPE) alloys, also known as high entropy alloys (HEAS),
are a new class of metallic alloys that emerged in the last two decades. The first articles
on MPE alloys were published in 2004; however, these alloys were invented earlier in the
1990’s [1]. Several definitions of HEAs have been used in the literature but the most
common one defines these alloys as high disorder degree multicomponent alloys
consisting of five or more alloying elements with near equi-atomic (equi-molar)
compositions [1, 2]. For the last thirteen years, several research articles have been
published in the literature investigating different aspects of microstructures and properties
of HEAs. These research articles have tried to provide a better conceptual understanding
of HEAs. For instance, Guo et. al. [3] proposed that the microstructures of most HEAS
can be predicted by their valence electron concentrations (VEC). This model shows that
the HEAs with vec < 6.7 will stabilize a bcc structure while the HEAs with vec > 7.8
form a fcc structure [3].

However, due to the unique characteristics of HEAs such as sluggish diffusion,
intense lattice distortions, cocktail effect and high order of elemental interactions in these
alloys, prediction of phase formations and properties of HEAs is a challenging tasks [1,
2]. The calculated phase diagrams published in the literature have revealed the short-
comings of capabilities of the commercial software packages in accurately predicting the
phase formations of MPE alloys [4]. In addition to the limited information on phase
formations in HEAs, to the best of our knowledge, only a very few studies have been
done to investigate the deformation mechanisms of HEAs [1]. Thus, more studies are

required for determining the effects of alloying elements and stable/metastable phases on



deformation mechanisms of [1]. Therefore, the design of the HEAs to achieve desired
phases and properties has basically involved costly experimental trial and error.

In this Ph.D. research project, computational models based on thermodynamic
and first principle calculations are integrated into experimental castings and
characterizations to provide a better understanding of phase formations, phase diagrams,
phase formations and mechanical properties of some HEAs. A general literature review
on MPE alloys including experimental and computational works is included in Section
1.1. Then, the results of this Ph.D. research project are presented in five journal
manuscripts, four included in the body of this dissertation (Paper I to IV) and one in
Appendix A. In the first journal paper, microstructure and phase transformation in cast
AlFeCoNiCu HEA were investigated using a combination of experiment, thermodynamic
methods and first principle approach including density functional theory (DFT) and ab
initio molecular dynamics (AIMD). The second journal paper, studied the plastic
deformation mechanisms and ductilities of thirteen CoCrFeNi-based fcc HEAs focusing
on the elemental impacts. Following this procedure, a project was completed to
investigate the elemental effects on martensitic phase transformations in AHSS
(Appendix A). In the third paper, a CALPHAD thermodynamic approach was integrated
with a first principle method to calculate the phase diagrams of different metallic alloys
from binary phase diagrams to HEAs along with the commercial thermodynamic
databases. Finally, in the last paper a project is undertaken to investigate the effects of
interstitial carbon on Al,CoCrFeNiCu (x=0.3, 1.5, 2.8) microstructures. The following
section presents a general literature review on HEAs. More detailed literature reviews

about the studied topics in this Ph.D. research project are provided as part of five journal



manuscripts. Four included in the body of this dissertation (Paper | to IV) and one in

Appendix A.

1.1. CURRENT STATE OF THE ART OF MPE ALLOYS
Specific standard principles including high mixing entropy (as_ >1.6r, Where R
is the gas constant), small enthalpy of mixing (-4 <an_ <15 kJ mol™), and small

atomic radii deference between the alloying elements (less than 12%), differentiate HEAS
from other multicomponent alloys [2, 5, 6]. These standard principles aid in stabilizing
random solid solutions (RSS) with least tendency for intermetallic phase formations or
elemental segregations [1]. Based on these principals, several HEAs have been
developed. Unique microstructures and outstanding properties of some of these HEAs
have resulted in recent increase in development of these alloys. HEAs have wide range of
applications in the aerospace and other industries because of their exclusive properties
such as high corrosion resistance (e.g., AlosCoCrCuFeNiBy [7]), impressive strength and
hardness (e.g., AlxCrFe1sMnNigs [8]), high ductility (e.g. Alp3CoCrFeNi [9]), excellent
wear resistance (e.g., AlxCo;sCrFeNiysTiy [10]), oxidation resistance (TiVCrAlSi [11]),
and some other properties for different applications [12, 13], but more importantly, some
of HEAs show promising mechanical properties at higher temperatures [14] (e.g.,
AlgsCrFe; sMnNigs [15]). Most of the developed HEAs in the literature tend to form
simple microstructures with generally cubic crystal structures [16].

Figure 1.1. shows the number of occurrences of different phases in 648 studied
HEAs reported by Miracle and Senkov [1]. In this figure, 6 phase is D8b crystal structure
(Pearson symbol tP30), C14 is hexagonal (Pearson symbol hP12), L1, is cubic (Pearson

symbol cP4), C15 is cubic Laves phase (Pearson symbol cF24), E9; is cubic (Pearson



symbol cF96), DO, is cubic (Pearson symbol cF16) and L2; is cubic (Pearson symbol

cF16) [1].
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Figure 1.1. The number of occurrences of different phases of 648 HEASs reported in Ref.
[1].

HEAs can be designed to have outstanding mechanical, thermal and chemical
properties due to certain characteristics of these alloys such as sluggish diffusion, lattice
distortion, and cocktail effect [17]. The possible sluggish diffusion in the HEAS is due to
different neighboring atoms in each lattice site during the atom/vacancy jumps. This
leads to different bonding and therefore different local energies. The sluggish diffusion in
HEAs can have advantageous such as finer precipitates, higher recrystallization
temperature, slower grain growth, lower particle coarsening rate, slower phase
transformation, and higher creep resistance compared to the conventional
multicomponent alloys [18]. The sever lattice distortion in HEAs can restrain the

dislocation movements and increase the solid solution strengthening. Moreover, it can



result in low electrical and thermal conductivities in HEAs due to high scattering of
propagating electrons and phonons [16, 18]. The cocktail effect in HEAs is probably the
most ambiguous characteristic of these alloys. The cocktail effect conjectures that
unexpected properties and behaviors can be attained after mixing the constituent elements
to form MPE alloys [19]. It is known that cocktail effect in HEAs can result in higher
magnetization, lower coercivity, and higher strength and electrical resistance than it can
be expected [18]. Figure 1.2 shows promising fracture toughness-yield strength and

strength-ductility profiles of some studied HEAs [20, 21].
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Figure 1.2. (a) Fracture toughness-yield strength profile from Ref. [20], and (b) strength-
ductility profiles from Ref. [21], for different pure metals and metallic alloys including
HEAsS.

1.1.1. Selection of Principal Elements. Microstructures of the HEAs (similar to
other metallic alloys) can be controlled by selecting proper alloying elements, adjusting
the composition of components, and optimizing the process parameters. Most of the

initial HEA researches were focused on the microstructure and properties of those HEAs



made based on 3d transition metals (TM) such as Co, Fe, and Ni [22, 23] (e.g.,
AlLCoCrCuFeNi [24]). In some cases non-metallic elements such as silicon were added
to alloying systems to enhance some properties such as corrosion resistance (e.g.,
NixCog6Feq 2CrySi,AlTig [25]). These kinds of HEAs are anticipated to have promising
properties at intermediate temperatures (less than 1200°C), but to have HEAs with
reliable properties at higher temperatures, researchers have recently suggested refractory
alloying elements such as Nb, Ti and Mo to cast refractory HEAs (e.g., WNbMoTaV
[26]). Refractory HEAs usually produce stable BCC phases [27, 28], and their alloying
elements have lower valence electron concentration (VEC) [3]. In 2013, a low density
alloy with excellent high-temperature properties was obtained by Senkov et al. using
light alloying elements with high melting temperatures (CrNbTiVZr) [29]. The
equiatomic compositions in HEAs can result in stability of solid solutions due to the
highest entropy of mixing compared to non-equiatomic compositions [18]. Therefore, any
changes in fractions of the alloying elements can impact the microstructures and
properties. For instance, increasing the amounts of aluminum in Al,CoCrFeNiCu (x=0.3
to 3) changes the microstructures from single phase fcc to a mixture of fcc and bcc and
then to single phase bcc [30]. adding vanadium to NbMoTaW refractory HEA increases
the yield strength of this alloy at high temperatures; both NbMoTaW and VNbMoTawW
HEAs show higher vyield strength than Inconel-718 and Haynes-230 alloys at
temperatures between 700°C and 1600°C [31]. Addition of aluminum, especially in
refractory HEAs, has beneficial effects on properties, such as reducing the density and
increasing the Vickers hardness and strength of the alloy, because the volume fraction of

the bcc phase increases as aluminum concentration increases [32]. In some cases highest



hardness was achieved at equiatomic combination of aluminum and other elements [33].
Cobalt and titanium help to stabilize the fcc structure in HEAs; Cobalt addition slightly
decreases yield stress, but hardness increases as titanium concentration increases [34, 35].
Chromium and zirconium enhance the yield strength, ductility, fracture strength and
corrosion resistance of refractory HEA [36]. Moreover, niobium addition was reported to
improve wear and corrosion resistance of CoCrCuFeNi [37]. It has been shown that
copper has positive enthalpy of mixing with other alloying elements in MPE alloys that
results in segregating a Cu-rich phases in the inter-dendrite phases [38]. To resolve this
problem, it is suggested to replace Cu with Mo [39, 40]. Recently, the addition of
interstitial elements such as carbon and boron has shown to improve the strengths of
Fesq.4Ni113Mnzs 8Al5Crg [41] and Feye3C011.65MN2727Cr1086C0o59 [21]. Overall, the
selection of alloying elements and their compositions in HEAs have heavily involved a
trials and errors strategy, which have made the production of new HEAs a very slow and
rather expensive process.

1.1.2. Manufacturing Methods. In addition to alloying elements and their
compositions, the manufacturing process and the process parameters can also influence
the properties of HEAs. Casting has been recognized as the primary material processing
method in producing HEAs. However, other methods such as laser cladding and
laser/electro deposition methods have been successfully applied for preparing some
HEAs [42-45]. Induction melting and arc melting are widely used for casting of HEAs
[46]. Very rapid solidification is recommended to prevent forming undesired phases in
HEAs. Furthermore, some crystallization methods such as Bridgman or Czochralski can

be used to control crystal growth [47, 48]. It is desired to have the least number of phases



in HEAs [49, 50], this can be achieved by controlling alloying elements and compositions

as well as process parameters.

1.2.  MODELING OF MPE ALLOYS

Phase diagram calculations, molecular dynamics and first principle simulations
are included in this section.

1.2.1. Phase Diagram Calculations. Calculating the phase diagrams and
predicting the crystal structures of HEAs are challenging tasks, because HEAs, unlike
traditional alloys, do not have one dominating principal element that can control the
microstructure; therefore, the effects of all the elements must be considered. Current
available databases do not include the interactions between all the elements in HEAs; for
example, phase diagrams of some HEAs (e.g., CoCrFeMnNi) recently calculated based
on the current database by Pandat software [4] do not show good agreement with
experimental results. CALPHAD and Muggianu methods [51], which are based on
Gibb’s free energy calculation, are suggested in the literature to calculate the phase
diagram of multi-principal element alloys. However, due to the limitations of the
individual methods in considering high order interactions [52], it is necessary to combine
different methods and develop a general approach to calculate phase diagrams of HEASs.

In Gibb’s free energy calculations, the significant role of entropy in stabilizing
solid solutions has been addressed in the literature [53], where more negative entropy in
association with total enthalpy lead to more stable phase formations [54]. Vibrations of
electrons with temperature cause electronic entropy, while lattice vibrations of atoms
cause vibrational entropy. Since contributions of electronic and vibrational entropies are

very small, only configurational mixing entropy can be assumed in calculating the phase



diagrams of HEAs [55]. For HEAs containing iron, nickel or cobalt, magnetic entropy
should be added as well. The principle of maximum entropy combining Shannon’s
entropy and Boltzman-Gibbs entropy is suggested to calculate the distribution of atoms in
the crystal structures of some HEAs, e.g., AICoCrFeNi [55]. However, the maximum
entropy method can be only applied for the ideal state of multi-principle systems in an
equilibrium condition; moreover, this method is not feasible to calculate all crystal
structures. The accuracy of this method decreases as the number of alloying elements
increases. Therefore, other computational methods such as atomistic simulations or
electronic scale calculations may be more suitable for determining crystal structures of
HEAs.

1.2.2. Atomistic Simulation (Molecular Dynamics). Only a few molecular
dynamic (MD) simulations have been reported in the literature to study atomic structures
and properties of some HEAs. Recently, crystal growth and some properties such as
thermal stability of AICoCrCuFeNi [56] and radiation behavior of AlxCoCrFeNi [57]
were calculated using MD simulations. In another study, rapid solidification was
considered to prevent the formation of unanticipated structures in predicting phase
formations during cooling [58]. Separately, a hybrid MD/Monte Carlo simulation was
developed to study refractory HEAS; where temperature-dependent chemical order was
calculated, then with considering the structural energy minimization for a particular
crystal structure (e.g., bce), a distribution of refractory alloying elements was determined
[59]. All these studies used only pair potentials, including Embedded, Tersoff and

Lennard-Jones.
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Despite the recent advancements made in MD simulations of HEAs, the current
MD models for HEAs cannot provide reliable results, because by using pair potentials,
only binary interactions can be considered, however, HEAs having multi-principle
elements in each unit cell need consideration of higher order interactions. Due to the
unavailability of interatomic potentials suitable for HEA systems, density functional
theory (DFT) calculations based on first principles could be a more appropriate method to
study crystal structures and properties of HEAS.

1.2.3. Electronic Scale Simulation (First Principle). DFT approach is the most
common first principles methods to study the electronic structures and atomic
interactions at their fundamental level. This approach is capable of calculating large and
complex systems with reasonable computational expenses [60]. Since there is not an
exact (absolute) solution of the exchange-correlation interactions for the universal ground
state functional, some approximations such as local-density approximations (LDA) and
generalized-gradient approximations (GGA) are introduced to solve the functional
accurately [61, 62]. DFT calculations can predict atomic distribution in solid solutions by
calculating the lattice parameter of perfect cells and computing cohesive energies (or
bonding energies). DFT pseudo-potential calculations can predict atomic arrangement in
the cells as well as the stability of the crystal structures. The energies of vacancy
formation as a function of crystal binding energies can explain the lattice stability of
HEAs (e.g., CoCrFeNi [63]). Moreover, first principle calculations based on DFT using
CASTEP software, are reported to compute the lattice constant, cohesive energy, elastic
constants and enthalpy of formation of intermetallic compounds in

FeTiCoNiVCrMnCuAl HEA at zero Kelvin [64]. Results of DFT calculations are
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accurate at zero Kelvin, and ab initio molecular dynamics (AIMD) (DFT at high
temperatures) is needed for calculations at higher temperatures [49]. In a recent work,
primary phase formation during solidification was explained by investigating partial pair
correlations of elements, self-diffusion constants and calculation of bond length of
binaries in some HEAs, such as HfNbTaTiZr [49]. Atomic distributions in crystal
structures and high order interactions of elements cannot be predicted by considering pair
correlations. In another work, Tian et al. intended to calculate the mechanical properties
such as Young’s and shear modulus of refractory HEAs with single bce structure such as
TiZrNbMoVy by using an ab initio exact muffin-tin orbital (EMTO) method [65];
however, EMTO can only provide properties at zero K. Finally, intrinsic stacking fault
energies of some HEAS has been calculated utilizing first principles approaches [38, 66].

The main weaknesses of the current DFT and AIMD calculations for HEASs are:
1) all the principal elements are assumed to exist in different phases, and 2) random
positions of atoms in crystal structures are considered not the stable positions. Based on
our experiments and AIMD calculations both of these assumptions have flaws and can
influence the predicted results.

The details of the first principles methods including DFT and AIMD that used in

this Ph.D. research project are included in Appendix B.
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2. RESEARCH OBJECTIVES AND IMPACT

The goal of this research project is to provide a better understanding of phase
formations in high entropy alloys (HEAS). First principle atomistic/electronic approach is
applied to study the crystal structures and mechanical properties of some HEAs, and
thermodynamic methods and experimental investigations are used to determine phases of
HEAs. The objectives are outlined below:

o Objective 1: Predicting phase diagrams of HEAS

% Calculate the phase diagrams of HEAs utilizing sublattice CALPHAD

thermodynamic approach integrated with Muggianu’s extrapolation method

utilizing experimental databases

>

% Integrate the CALPHAD thermodynamic approach with first principle
atomistic approach to calculate the phase diagrams of HEAs overcoming the

complexity of the sublattice method in determining complex crystal structures

R/
L X4

The stability of different phases using the first principle approach including
density functional theory and ab initio molecular dynamics
++ Evaluate the modeling results by experimental casting and characterizations
. Obijective 2: Studying the effects of addition of alloying elements on deformation
mechanisms of CoCrFeNi-based FCC HEAs
% Calculate generalized stacking fault energies to investigate the plastic
deformation mechanisms including martensitic transformation, mechanical
twinning or dislocation mediated slip

«» Determine the ductilities of the selected HEASs
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s Follow the same procedure to study the effects of alloying elements on
stacking fault energies and phase transformation of Fe-Mn-Si-Al-C high
strength steel

o Objective 3: Evaluate the effects of interstitial carbon on the microstructures of
Al,CoCrFeNiCu HEAs
The results of this research project may guide designing of HEAs with desired
phases, which can consequently help in predicting properties. The first principle methods,
thermodynamic approaches and experimental characterizations in this work were
integrated trying to provide fundamental understanding of elemental effects on the
microstructures and properties of some HEAs, and these techniques can be extended to

study of other MPE alloy systems.
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ABSTRACT

Selection and thermal stability of phases are important in design of high entropy
alloys (HEA). In this study, phase formations in cast AlIFeCoNiCu HEA were
investigated. Ab initio molecular dynamics (AIMD) simulations were used to determine
crystal structures of phases at different temperatures in equiatomic composition of
AlFeCoNiCu. The AIMD results showed a possible coexistence of a face-centered cubic
(fcc) phase and a body-centered cubic (bcc) phase at the room temperature and indicated
stabilization of a single fcc phase above 1,070 K at the equiatomic composition of
AlFeCoNiCu. The phase diagrams of AlFeCoNiCu system were calculated using a
modified thermodynamic approach based on CALPHAD and Muggianu’s methods. The
calculated phase diagrams showed formation of the same two phases at the room
temperature, and a phase transformation at about 1,010 K to form a single fcc phase. The
characterization experiments utilizing scanning electron microscopy (SEM), X-ray
diffraction (XRD), and electron backscatter diffraction (EBSD) confirmed the crystal

structures and composition of phases determined by AIMD simulations and phase
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diagram calculations. High temperature XRD (HTXRD) analysis showed a significant
increase in weight fraction of the fcc phase at high temperatures confirming the predicted

phase transformation.

Keywords: High Entropy Alloys; AlFeCoNiCu; ab-initio Molecular Dynamics; Phase

Diagram; Electron Backscatter Diffraction; X-ray diffraction.

1. INTRODUCTION

High Entropy Alloys (HEAS), which are also known as high disorder degree
alloys [1], are formed by combining five or more elements of approximately equiatomic
ratios (5 to 20% each) [2]. HEAs were first created in the 1990s [3], and the first research
articles about HEAs were published in 2004 [4, 5]. HEAs are defined based on some
standard principles which distinguish them from other multi-component alloys such as
metallic glasses [6]. These principles are: a) HEAs have high entropy of mixing (

As_ >1.6R, Where R is the gas constant), which requires having at least five components

in the alloy system; b) there is only a small difference between atomic sizes of alloying
elements (less than 12%), because large difference in atomic radii causes large lattice
distortion as well as low atomic diffusion rate in the liquid state [7]; and c) alloying

elements have a small enthalpy of mixing (-4 <an_ <15 kJ mol™), because a large

positive enthalpy of mixing will result in elemental segregation, and a large negative
enthalpy of mixing will result in the formation of intermetallic compounds [8, 9]. Several
HEAs have been developed and studied based on these principles.

Most of the developed HEAs have simple microstructures and tend to form simple

random solid solution (RSS) phases [10], mainly cubic crystal structures, rather than
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complex intermetallics [11, 12]. In the case of simple crystal structures (such as cubic
structures), choosing elements with large atoms stabilize the crystals with lower packing
density such as body-centered cubic (bcc), while smaller atoms tend to relax into higher
packing density structures such as face-centered cubic (fcc) [13]. Similar to other metallic
alloys, microstructures of HEAs determine the properties of HEAS; for example in some
HEAs, the right mixture of cubic crystals (bcc+fcc) is expected to produce balanced
mechanical properties, e.g., having high strength and good ductility [14-17]. Recently,
eutectic HEAs were suggested as a way to design the alloys with proper composite
structure. These type HEAs are also claimed to have improved high temperature
properties [18].

Equiatomic compositions of HEAs have the highest entropy of mixing which
results in stability of solution phases [19]. On the other hand, experiments confirm that
slight changes in concentration of elements can significantly affect microstructures and
properties of HEASs. In most of the non-refractory HEAs (3d HEAS), iron is the solvent
and forms the matrix phase (primary phase) due to its high melting temperature and
relatively large atomic radius [20]. As shown schematically in Figure 1, different
constituent elements cause lattice distortion which increases the solution hardening and
decreases the degree of crystallinity and x-ray scattering [21]. Cobalt and titanium help
stabilize fcc structure in HEAs; cobalt addition slightly decreases true stress, and
hardness increases as titanium concentration increases [22, 23]. Addition of nickel
increases the operation temperature and decreases the brittleness, thus it helps reducing
cracking during solidification [24]. In addition to the above effects, the ferromagnetic

moments of iron, cobalt and nickel will result in high magnetic properties of alloying
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systems [10, 25, 26]; other alloying elements can be added to this mixture to enhance
some other properties. For example, addition of copper can stabilize fcc phase and
enhance the ductility of the alloys [27]. Addition of aluminum has also beneficial effects
on properties such as reducing the density and increasing the hardness and strength of the
alloys, by increasing the lattice strain, elastic energy and bcc phase ratio [28].
Furthermore, segregation of elements may happen by addition of aluminum due to
different composition of dendritic and interdendritic regions [29]. In this work, we study
the atomistic and micro structures of AlFeCoNiCu HEAs. Taking into account the
possible effects of alloying elements, determining the crystal structures and phase
diagrams of HEAs are required to be able to predict the stable phases and the subsequent

microstructures and properties of cast HEAs.

Figure 1. Schematic illustration of AlFeCoNiCu bcc lattice distortion.

The crystallographic investigation of HEAs is a challenging task. For instance,
during atomic diffusion and phase transformation in HEA systems, different type of
neighboring atoms may form because of jumping of vacancies. Although this

phenomenon leads to smaller grains of HEAs [12], slow diffusion and phase
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transformations in these alloys may lead to formation of undesirable phases. Because of
insufficient available experimental data, computational modeling at small scales may be
useful to study the crystal structures of HEAs [30]. There are some work in the literature
those utilized molecular dynamic (MD) simulations to study atomic structures and
properties of some HEAs [31-33]. Also, a hybrid MD/Monte Carlo simulation has been
developed to study refractory HEAS, where temperature-dependent chemical order was
calculated, then with considering the structural energy minimization for a particular
crystal structure (e.g., bcc), distribution of refractory alloying elements was determined
[34]. Despite the recent advancements made in MD simulations of HEAs, the current MD
models cannot provide reliable results for HEAs, because they mostly use pair potentials,
such as Embedded, Tersoff and Lennard-Jones potentials, therefore they can only
consider binary interactions [35]. HEAs have multi-principle elements in each unit cell
and accurate MD simulations need to consider higher order interactions which are
computationally complex and expensive to develop the required potentials. To overcome
this limitation of MD simulations, electronic scale simulations using first principle
methods can be used to gain insights on the effects of higher order interactions in HEAS.
First principle studies including density functional theory (DFT) and ab-initio
molecular dynamics (AIMD) calculations can predict atomic distribution in solid
solutions and determine the stability of the crystal structures. In this work, we utilize
AIMD calculations to determine the lattice constants and stable crystal structures of
equiatomic AlFeCoNiCu at different temperatures. Since classical DFT calculations are
only applicable at ground state for many-body systems, AIMD (DFT at high

temperatures) was used for calculations at elevated temperatures [36].
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There are few works that used only experiments for calculating phase diagrams of
HEAs. For example, empirical calculations of phase diagrams of AICoCrFeMoNi system
were performed by Chin-You Hsu in 2013 [37], in which they combined SEM,
transmission electron microscopy (TEM), XRD, HTXRD and differential thermal
analysis (DTA) data to calculate the phase diagram. Experimental determination of phase
diagrams is very valuable, but it is very time-consuming and expensive.

Another way to determine the stable phases of HEAs at different temperatures is
to utilize semi-empirical thermodynamic approaches to calculate phase diagrams of
HEAs, however there are some challenges to accomplish this. Current available databases
do not include the complete interactions between all the elements in HEAs [38, 39]. For
example, the principle of maximum entropy combining Shannon’s entropy and
Boltzman-Gibbs entropy was suggested in the literature to calculate the distribution of
atoms in the crystal structures of some HEAs, e.g., AICoCrFeNi [40]. However, the
maximum entropy method can be applied only for the ideal state of multi-principle
systems in an equilibrium condition; moreover, this method is not feasible to calculate all
kinds of crystal structures. The accuracy of this method decreases as the number of
alloying elements increases. To address this, we employ a multi-component system
thermodynamic approach based on CALPHAD method to calculate the phase diagrams
of AlIFeCoNiCu more accurately. This method considers regular solutions instead of ideal
state to calculate the free energy of formation of different crystal structures [41]; also
quaternary interaction functions are used utilizing the Muggianu’s extrapolation method

[42].
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In this work, AIMD simulations, phase diagram calculations, and experimental
characterizations are utilized to study phase formations and microstructures of cast
AlFeCoNiCu HEAs. The rest of this article is organized in three sections. First section
explains the details of modeling processes and experimental techniques that were utilized
in this work. Second section presents the results and discussions; first DFT and AIMD
simulation results for predicting the crystal structures and phases are presented and
discussed, then the calculated phase diagram of AlIFeCoNiCu by the thermodynamic
modeling approach is described, and lastly the experimental results for microstructures
and properties of equiatomic AlFeCoNiCu alloy are presented to verify the modeling
predictions. Finally, in the last section, the results are summarized and a short conclusion

is included.

2. METHODS AND PROCEDURES
2.1. ABINITIO MOLECULAR DYNAMICS

In order to better understand the crystal structures and atomic compositions of
AlFeCoNiCu, we performed ab-initio DFT and AIMD simulations. For this purpose, at
first, formation energy of bcc and fcc crystals with different atomic compositions and
different lattice constants were calculated using Vienna ab initio Simulation Package
(VASP) [43] and considering generalized gradient approximation (GGA). In this task,
both fcc and bcc supercells were made of 96 atoms along three primary axes (<100>
family of axes) considering the symmetries along <100>, <111> and <110> directions.
Periodic boundary conditions in all three perpendicular directions and Monkhorst pack
automatic mesh were assumed [43]. All the structures were relaxed until the ionic

optimization convergence was within 0.01 eV atom™. Because of the variety of the
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elemental characteristics and lattice distortions, random distributions of the atoms cannot
result in the minimum formation energies, therefore the considered crystals were relaxed,
and the equilibrium lattice constants and the most stable atomic compositions were

calculated.
2.2. PHASE DIAGRAM CALCULATION

The significant role of entropy in stabilizing solid solutions has been addressed in
the literature [44], where more negative entropy (high entropy) in association with total
enthalpy leads to formation of more stable phases [10, 45]. Since contributions of
electronic and vibrational entropies are very small, one can only use the configurational
mixing entropy (Eq. 1) in calculating the regular Gibbs free energies of different phases

of HEAs [40]:
K 3 . 1 1 1
S = kg —(&£-1 —(& -1 — 1 =(E-1)(E-3)+ 1 1- : 1
config B[z(g )yl+2(§ )Y, Lz(f WS -3)+ nch( ys)J (1)

where k_ is Boltzman constant, ¢ is packing fraction parameter and y, , y, and y, are

dimensionless parameters described in the literature [46]. However, for multi-component

systems with n-elements such as HEAS, it is possible to use the mixing entropy definition

(S.my =-RY x Inx, )todescribe the configurational entropy [40].

CALPHAD and Muggianu methods [42], which are based on Gibbs free energy
calculations, are suggested in the literature to calculate the phase diagram of multi-
principal element alloys [42]. However, due to the limitations of the individual methods
in considering high order interactions [47], it is necessary to combine different methods

and develop a more accurate approach to calculate phase diagrams of HEAs. We applied
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the sublattice model of the CALPHAD method [41, 44] to investigate the phase equilibria
of AlFeCoNiCu HEAs with different compositional molar fractions. The Gibbs free
energies of possible combinations of alloying elements (e.g., pure, binary, ternary, etc.) in
each system were determined considering different crystal structures (fcc, bcc and hep)
and temperatures by employing the Factsage software database [48]. Then, these Gibbs
free energies are inserted in the CALPHAD sublattice model. Since CALPHAD includes
only binary and ternary interactions, Muggianu method [42] is used to extrapolate
CALPHAD results for considering quaternary interactions between alloying elements in
AlFeCoNiCu HEAs. The following equations show the procedure of Gibbs free energy

calculations for different phases.

Phase reference

G -G LG ideal LG excess ’ (2)

G P Ty > x,G. + RT S oxInCx)+ >3 xx, > Gl(x, - x)", (3)
m=0
where x, is the molar fraction of component i, R is the gas constant, T is the

temperature, 3" G!(x, - x,)" is Redlich-Kister polynomial which n is the number of

m=0
elements [49]. In this equation, G, is the standard-state free energy of component i that

can be written as polynomial functions of temperature. The configurational mixing

entropy explained in Eq. 1 was used in calculation of the excess free energy (
G)!=H!-15" where H Y is the enthalpy of binary systems and s’ - Sy )+ FOr higher

order phases with five elements, more terms should be added in Eq. 3 according to the

Muggianu extrapolation:
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For alloying systems with more than five elements, higher order phases (more
than quaternary phases) should be considered. Eq. 4 describes the Gibbs free energy of
formation of different phases used in this work as a function of molar fractions of

alloying elements and temperature.
2.3. CASTING AND CHARACTERIZATION

Casting has been recognized as the primary material processing method in
producing HEAs, while some other methods such as laser cladding and electro-deposition
methods can be potentially applied for preparing HEASs [50]. In our casting experiments,
small ingots of AlIFeCoNiCu alloy were prepared using Miller vacuum arc-melting
furnace with equiatomic composition of the corresponding elements. Small granules (< 2
mm) of ~99.9% pure alloying elements were stirred with ethanol for dehydration
purposes before arc melting process. Remelting of ingots was performed multiple times
(3-5 times) and molten material stayed in the liquid state for almost 4 minutes during
each melting step to enhance the homogeneity. Arc melting of the alloy was conducted
on a water circulation cooled copper plate. 70 kW Inductotherm induction furnace was
used to make larger specimens (~200 g) for further experiments. Pure silica (quartz)
crucibles and a graphite coated steel mixer were used in preparation of the alloys. All
specimens were fast cooled (~110 K.min™) to prevent the formation of intermetallics.
The samples were polished and etched with an etching solution containing 90 vol.%

ethanol and 10 vol.% aqua-regia.
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As cast microstructures were analyzed using Scanning Electron Microscopy
(SEM) (FEI Helios NanoLab 600 FIB/FESEM). Elemental compositions of the phases as
well as atomic distributions were studied using Oxford Energy Dispersive Spectrometer
(EDS). Crystal structures and orientations were determined by Electron Backscatter
Diffraction (EBSD) system. X-Ray Diffraction (XRD) analyses were performed by using
a Philips X-Pert Diffractometer. The tensile properties were measured using MTS809
testing machine with 0.02 mm.s™ strain rate. Three cylindrical specimens with 6 mm
diameter and 40 mm gauge length were tested at room temperature. Vickers hardness was

measured with 100 g load.

3. RESULTS AND DISCUSSIONS

3.1. CRYSTAL STRUCTURES AND PHASES DETERMINED BY AB INITIO
MOLECULAR DYNAMICS SIMULATIONS

To determine the composition and lattice constants of fcc and bcc crystal
structures in the AIFeCoNiCu alloying system, the formation energy versus lattice
parameter was calculated considering different combinations of alloying elements.
Results in Figure 2 were determined using DFT calculations. After completing several
simulations considering different combinations of alloying elements and crystal
structures, the most stable composition for the fcc phase was determined to be FeCoCu,
while the most stable composition of bcc crystals was AlFeCoNi (these results are in
agreement with SEM-EDS results). The equilibrium lattice constants of fcc and bcc
phases were calculated to be 3.6 A and 2.9 A, respectively (which are in good agreement
with XRD results). The formation energy of both fcc and bcc crystals at their stable

lattice constants were the same (-32.5 eV), which means both fcc and bcc phases can
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coexist at low temperatures. DFT calculations indicated that not all the five elements in
the AlFeCoNiCu system are present in the fcc and bcc phases based on the principle of

minimum formation energy.
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Figure 2. Calculated formation energies of (a) selected fcc supercell crystals and (b)
selected bcc supercell crystals with different compositions at zero K. A slice of a super-
cell (total of 96 atoms visualized with VESTA [51]) for equiatomic AlFeCoNiCu is
shown above each graph.

Since DFT calculations provide only the ground state (0 K) properties of a
system, to calculate the crystal structures and associated composition at higher
temperatures (OK < T < 1100K), and also determine possible solid-state phase
transformations, AIMD simulations were conducted at elevated temperatures for both fcc
and bcc crystal structures with different compositions. The results of the AIMD
simulations at three different temperatures are presented in Figure 3 for equiatomic
AlFeCoNi-bcc, FeCoCu-fcc and AlFeCoNiCu-fcc phases.

Results show that the

quaternary bcc phase (AlFeCoNi) and ternary fcc phase (FeCoCu) which are stable at
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ground state, are not stable at higher temperatures. By increasing the temperature, a solid-

state phase transformation from a dual phase (fcc+bcc) structure to a single equiatomic

fcc phase is predicted to start at around 1,073 K.
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Figure 3. Calculated formation energy for equiatomic AlFeCoNi, FeCoCu and

3.2.

PHASE DIAGRAMS OF AlFeCoNiCu

AlFeCoNiCu systems at 0 K, 873 K and 1,073 K.

Eqg. 4 was used to determine the effects of alloying elements and temperature

change on the Gibbs free energy of formation of different phases in AlFeCoNiCu alloy

system. Molar fraction of each element was changed from 0 to 1 using a molar fraction

step of 0.05, and the most stable phases were determined as a function of molar fraction

of alloying elements and temperature. As an example, Figure 4 was calculated for

equiatomic composition of AIFeCoNiCu. Initially at lower temperatures (T < 950 K) bce

and fcc phases are formed, and then by increasing the temperature (1,010 K <T < 1,320
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K), only one single fcc phase is stabilized. These results are in good agreement with the

AIMD calculations in Section 3.1.3.1. At about 1,320 K, the alloy eventually starts to

melt and finally at around 1573 K it is almost completely liquid.
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Figure 4. Molar fraction of the stable phases as a function of temperature for equiatomic

composition of AIFeCoNiCu HEA.

As mentioned before there is a phase molar fraction diagram similar to Figure 4

for each composition of the alloying system. The final complete phase diagram of

AlCoFeCuNi was calculated by combining all of the phase fraction data for different

elemental compositions at different temperatures considering the Gibbs-Helmholtz rule

[52]. Due to the free energy minimizations, some minor phases can stabilize with very

low fractions (e.g., CoAl in Figure 4) at some specific temperatures and compositions but

are not stable at slightly different temperatures and compositions. These insignificant

phases were neglected in the phase diagram calculations.
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Figure 5 shows the calculated phase diagram for Al,CoFeCuNi HEA system with

variation in Al molar fraction (x) at equal molar fractions of the other components,

y=0.25*(1-x). by combining all the thermodynamic data. This phase diagram shows that

fcc and bec phases coexist in wide ranges of temperature and aluminum molar fraction, x.

The equiatomic composition line for all elements (x=0.2) shows that a transformation

from a two-phase (fcc+bcc) microstructure at the room temperature to a single fcc phase

occurs at higher temperatures (>1,010 K).
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Figure 5. Calculated phase diagram of Al,FeCoNiCu. FCC_A1 phase has Fe, Co, Cu
elements, and BCC_A1 phase has Al, Fe, Co, and Ni elements. All the five elements are
present in FCC_A2, FCC_B1, FCC_B2, BCC_A2, BCC_B1, BCC_B2,BCC_C1, and
BCC_C2 phases. Fields designated by * have several intermetallic phases with different

crystal structures.
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Using the same procedure for the other alloying elements, the phase diagrams in
Figure 6 were calculated. The dashed-lines on the phase diagrams in Figure 5 and Figure
6 show the equi-atomic composition with the same phase evolution in all calculated
phase diagrams. It is seen in Figure 5 that as the Al molar fraction increases, the ratio of
bcc phases increase in the phase diagram and the melting temperature of the alloy
decreases. As shown in Figure 6, increasing the amounts of Cu, Ni and Co stabilized the

fcc structure instead of duplex fcc-bec structure.
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Figure 6. Calculated phase diagrams of AlFeCoNiCu with changing molar fractions of
different elements. FCC_ALl phase has Fe, Co, Cu elements, and BCC_A1 phase has All,
Fe, Co, and Ni elements. All the five elements are present in FCC_A2, BCC_D2,
HCP_B1 and HCP_B2 phases. FCC_C1 phase contains Al, Fe, Ni and Cu elements.
HCP_AI1 phase has Co and Cu elements and HCP_A2 has Co, Cu, and Ni. BCC_D1
contains Al, Fe and Ni.
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The calculated phase diagrams of HEA, available in the literature, are mostly
carried out by Pandat software [53]. However, those calculations have some limitations.
For instance, Zhang et al. work [38] only considered binary and some of the ternary
interactions, e.g., the interaction parameters higher than 3" order (described in Eq. 3 and
Eq. 4) were not considered [9]. Also, the molar fractions of only two components were
varied while the molar fractions of the rest of the elements in alloying systems were kept
constant [38]. Furthermore, the phase diagram was calculated for temperatures 1,270 K
and above, but the equilibrium phase fraction calculation was reported for the
temperatures below 1200 K also showed formation of different phases; therefore, some of
the phases that form at low temperatures are not shown in the phase diagram [9].

The thermodynamic approach presented in this work considers the effects of all the
alloying elements in the HEAs, however it should be noted that the accuracy of the

calculations decreases as the number of components increases.
3.3.  PHASES AND MICROSTRUCTURES

To verify the simulation results presented in this paper, the microstructure of
equiatomic AlFeCoNiCu HEA was characterized. SEM micrographs presented in Figure
7 showed two randomly distributed phases (a and B).

Accordingly to Eqg. 5 [67, 68], the higher entropy of the alloy system leads to a
lower viscosity values:

BE
logn = A, + s , (5)

config

where ; is viscosity (kg s*.m™), s is configurational entropy (kg.m? s2.K™), T is

config

temperature (K), and A, and B, are constants which reflect the Gibbs free energy
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barriers. The low viscosity and the associated high atomic mobility in HEAS result in a
better component mixing in the melt and consequently result in random phase
distributions (Figure 7) [56]. Experimental crystal structures of o and B phases were
identified using thin-film XRD, Cu Ka radiation and the 20 range from 5° to 90°; XRD
patterns are shown in Figure 8. One bec (marked as “B” in Figure 7) and one fcc (marked

as “a” Figure 7) phases were identified by XRD at the room temperature.

kV 15.6mm x1.00k SE(M)

"10pm

Figure 7. SEM micrographs of as cast equiatomic AlFeCoNiCu: (a) back-scattered
electron, and (b) secondary electron pictures.
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Rietveld quantitative analysis by HTXRD shows that the weight fraction ratio of
fcc to bcc phase increases at 1,170K, however there is still about 10% bcc phase
remained in the system. AIMD and phase diagram calculations in previous sections of
this article predicted the formation of single fcc phase a this temperature; this can be
explained through the sluggish diffusion of atoms in HEAs reported by previous
experiments [30], which restrains a complete phase transformation from bcc to fcc. Small
amounts of an ordered bcc phase with the same compositions as formed bce phases ()
are also visible in both XRD patterns in Figure 8. It should be noted that some changes in
composition of such HEAs may result in formation of a single phase HEA; for example,
recently Zhigiang Fu et al. reported successful design of Al;sFezsCo2sNizsCuizs HEA
with single fcc structure [57].

Figure 9 presents the EBSD maps of as cast equiatomic AlFeCoNiCu alloy. Since
there was no available data for indexing the EBSD, the information that was provided by
XRD was used. According to the XRD patterns, the lattice parameter of bcc structure in
the alloy system was 2.865A with Im-3m space group while fcc has 3.603A lattice
constant and Fm-3m space group (Table 1); these results are in very good agreements
with those calculated by AIMD.

The mechanical properties including tensile properties and micro-hardness are
also presented in Table 1. The strength (YS and UTS) of AIFeCoNiCu were comparable
to chromium-vanadium steels with much less ductility [58]. This shows the brittle
behavior of as-cast AIFeCoNiCu alloy. The measured micro-hardness showed a relatively

high value with respect to the average of metallic alloys.
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Figure 8. XRD patterns of as cast equiatomic AlFeCoNiCu at (a) room temperature, and
(b) 1,170K.

Table 1. Measured properties of as cast equiatomic AlFeCoNiCu alloy.

) . Yield Ultimate ]
Phase Den3|_t Lag\lce Strength Strength Ult!ma(}e Hardness
(g.cm™) (A) (MPa) (MPa) Strain (%) (HV)
bcc 6.67 2.865
foo 844 3603 780 +10 907 +10 8.2+0.2 585 +5

The EBSD phase map (Figure 9 (b)) indicated the co-existence of fcc and bcc

phases in the microstructure. Furthermore, EBSD inverse pole figure (IPF) coloring map
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shows relatively low angel orientation arrangements with respect to the normal direction

in Figure 9 (c).

Figure 9. EBSD images: (a) 70° tilt SEM micrograph, (b) fcc (red)/bcc (blue) phase map,
and (c) orientation map.

After determining the crystal structures that formed in the alloy system, the
question is how the alloying elements are distributed between the different phases. Figure
10 shows the elemental EDS map of equiatomic AlFeCoNiCu HEA providing a
qualitative sense of elemental distribution in each phase. According to the chemical
composition of phases charecterized by EDS analysis presented in Table 2, Fe and Co are
almost uniformly distributed in both phases compared to the other elements. Ni and Al
have much higher concentrations in bcc phase than fcc phase, while Cu concentration in
the fcc phase (o)) is much higher than in the bee phase. The presence of Al in bce phase
and Cu in fcc phase confirms the previous experimental results which report that Al
stabilizes bcc phases while Cu stabilizes fcc phases in HEAs [69, 70]; these results also

validate the DFT calculations reported in Figure 2.
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Figure 10. EDS elemental map of equiatomic AlFeCoNiCu. B is the bce phase and o is
the fcc phase.

Table 2. EDS composition analysis of AIFeCoNiCu (at. %)

Phase Al Fe Co Ni Cu
o 1.3 29.2 28.5 2.6 38.4
B 25.9 23.1 24.1 24.8 2.1

4. CONCLUSION

Different computational modeling and experimental techniques were utilized to
study phase formations in cast AIFeCoNiCu HEAs. DFT and AIMD simulation results
predicted the coexistence of one fcc (FeCoCu) phase and one bcc (AlFeCoNi) phase at
low temperatures for the equiatomic composition of AIFeCoNiCu. These results also
indicated that not all the elements were existed in both phases, such that Cu was present

in the fcc phase only, and Al and Ni were present in the bcc phase. This two-phase
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coexistence at room temperature was confirmed by phase diagram calculations and
experiments (SEM, EBSD and XRD). The EDS elemental map also confirmed the
theoretically predicted partitioning of elements in these two phases. AIMD simulation
results predicted a polymorphic phase transformation at 1,073 K from the two-phase
coexistence to a single fcc phase with the equiatomic composition of AIFeCoNiCu. This
phase transformation was also predicted in the calculated phase diagram. However, the
HTXRD results also showed a small fraction of retained bcc phase above 1,073 K which

is believed to be the result of the sluggish diffusion of atoms in HEAs.
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1. GENERALIZED STACKING FAULT ENERGIES, DUCTILITIES, AND
TWINNABILITIES OF CoCrFeNi-BASED FACE-CENTERED CUBIC
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ABSTRACT

Effects of Cu, Mn, Al, Ti, Mo on generalized stacking fault energies, Rice-
criterion ductilities, and twinabilities of CoCrFeNi-based face-centered cubic high
entropy alloys were investigated using density functional theory calculations. The
calculated barrier energies and twinnabilities revealed that the addition of Ti, Mo
increased the tendency of dislocation glide and deformation twinning, while addition of
Mn, Cu and relatively high amount of Al facilitated dislocation gliding and martensitic
transformation. Low amount of Al resulted in only dislocation gliding. Furthermore, the
addition of Mn and Cu increased the calculated Rice-criterion ductility while other
elements decreased it.

Keywords: Generalized stacking fault energy; Twinnability; High Entropy Alloys.

High entropy alloys (HEAS), which consist of at least five alloying elements with
near equi-atomic compositions, are new class of metallic alloys emerged in the last
decade [1, 2]. The majority of the work in this area have tried to develop HEAs with
simple microstructures that form few simple random solid solution (RSS) phases (mainly
cubic crystal structures) avoiding complex intermetallics or terminal phases [2-7]. HEAs

can be designed to have outstanding mechanical, thermal and chemical properties due to
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the high entropy effect, intense lattice distortion effect (solution hardening), cocktail
effect, and sluggish atomic diffusion effect [1, 2, 8, 9].

Similar to other materials systems, to study the mechanical behavior of HEAs, it
IS necessary to investigate their deformation mechanisms. Since HEAs, unlike
conventional alloys, do not have any dominating element that mainly controls the
microstructures, investigating mechanical behaviors of these alloys with respect to the
effect of alloying elements is a challenging task. To the best of our knowledge and
according to a new review article on HEAs by Miracle and Senkov, there is only one
study in the literature that investigated the deformation mechanisms of an specific HEA
[1]; Otto et el. showed experimentally that a planar dislocation glide in CoCrFeNiMn
system occurs similar to the conventional face-centered cubic (fcc) metals mediating the
deformation [10]. There are certainly needs for studies on how the composition of alloys
control the deformation mechanisms of HEAs [1]. One practical way to gain knowledge
on deformation behavior of materials is to determine their generalized stacking fault
energies (GSFE), and in this work we utilize density functional theory (DFT) calculations
to determine GSFE of some selected fcc HEAs and study their deformation mechanisms.

There are around 30 different HEA systems reported in the literature which form
a single fcc phase [11-17]. In this work, 13 different HEAs with experimentally identified
fcc microstructures were selected from the literature in order to study their plastic
deformation mechanisms [11-17]. These alloys are listed in Figure 1. It is known that
different modes of plastic deformations for fcc metals including dislocation glide,
mechanical twinning, and martensitic transformation can be predicted by measuring their

GSFE [18, 19].
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Figure 1. The investigated HEAS in the present work.

Stacking faults are planar defects that can be generated in materials by mechanical
deformations [20]. The GSFE of a material is the total energy per unit area to create a

complete stacking fault. The first local maximum point in a GSFE curve is the unstable
stacking fault energy (USFE) (energy at . ) which is the lowest required energy for
dislocation nucleation, and the first local minimum energy is the intrinsic stacking fault
energy (ISFE) (energy at » . ) [21]. Since a material has to overcome the USFE before

the occurrence of crystal lattice shearing, calculating both USFE and ISFE is essential to
accurately predict the deformation behavior of materials [22, 23]. The second local
maximum in a GSFE curve is the unstable twinning energy (UTE) associated with the
energy barrier for a rigid displacement along fcc partial dislocation direction on the
preexisting ISF [23].

The ISFE can be measured experimentally using different techniques such as
transmission electron microscopy (TEM) and x-ray powder diffraction (XRD) [24-26],
but USFE and UTE can be determined only by using first principle or atomistic methods
such as density functional theory (DFT) and molecular dynamics simulations [27-29].

Both explicit and implicit DFT calculations can be used to determine GSFE, where the
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explicit method determines the total energy difference between the perfect and faulted
crystals [28, 30, 31], and the implicit method calculates the energies of the fcc, hcp and
double hcp to define the SFE of the fcc structures [32, 33]. To the best of our knowledge
only ISFE of some HEASs has been studied in previous works [9, 34-36].

In this work, the explicit DFT calculations were employed to study the effects of
addition of different alloying elements on the USFE, ISFE, and UTE of CoCrFeNi HEA
system. Moreover, the relative energy barrier between USFE and UTE, the Rice-criterion
ductilities, and the tendency of twinning (theoretical twinnability) were calculated to
further investigate the deformation mechanisms and mechanical properties of the selected
fcc HEAs.

The DFT simulations in this work were performed using the Vienna ab initio
simulation package (VASP) [37]. Projector augmented wave (PAW) potentials [38, 39],
instead of ultra-soft pseudopotentials, and the generalized gradient approximation (GGA)
[40, 41] were used to enhance the accuracy of the calculations. The structures were
relaxed until the ionic optimization convergence was within 0.001 eV/atom, and then
simulations were converged considering the quasi-Newton algorithm and Fermi smearing
[42]. The stacking fault, surface and twinning energies were calculated using fcc
supercell structures consisted of 108 atoms in total with 9 layers along [111] axis (3
layers of A, B and C stacking sequences) and 12 atoms on each layer (Figure 2). It should
be mentioned that the supercell size (atomic number) could slightly vary based on the
alloying compositions. The experiential lattice constants (a) for CoCrFeNi,

CoCrFeNiCuAlg s, and CoCrFeNiCuAlg s are not available, therefore we used the average

of the lattice constants of other alloys listed in Table 1: a =3.59A ; it should be noted that
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we ran DFT calculations to test the validity of this assumption, and the results indicated

that the lattice constants for these alloys vary between 3.56A and 3.59A . The atoms of
alloying elements were distributed randomly in the fcc supercell structures, and to
determine the possible variations in formation energies caused by random position of
atoms in the supper cell, for each alloy system five to nine random structures were
generated and the uncertainty (average deviation) of formation energies was calculated
(uncertainty-1). The most stable structure for each alloy was used to determine the GSFE,
and to calculate the total uncertainty for each DFT calculated quantity the uncertainty-I

was considered as well.
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Figure 2. (a) Fcc supercell structure used for calculating the GSFE curves and surface
energies (visualized by VESTA [43]). (b) Calculated GSFE curves for CoCrFeNi and
CoCrFeNiAlg3Tig1 by considering two different fault planes shown in panel (a); subset
pictures show twin boundary formation for the two cases.



47

The stacking faults were imposed to the defect-free fcc structure by a rigid
displacement of the atoms above the stacking fault plane along (211) direction within
{111} slip plane [44, 45], which results in a b =1/6(211){111} partial Burgers vector (a
Shockley partial dislocation) [26-28, 46]. Two b =1/6(211){111} Shockley partial
dislocations form a a/2(110) perfect dislocation. An unstable stacking fault (USF) forms
due to the shear displacement through half of that Burgers vector, , . - a/2<211 >{111}
[47].

Initially USFE and ISFE were calculated by displacing the atoms on the layers
7"-9" along 711 direction within a1 ) slip plane, and UTE was calculated by displacing
the atoms on the 8™ and 9™ layers resulting in the creation of a twin region [48]. When
different layers along [z11] direction within @11 ) slip plane were considered as fault
planes, the calculated GSFE curve was altered due to different compositions of the fault
planes. For instance, two examples of the considered stacking fault planes in this work
with their corresponding GSFE curves are presented in Figure 2(b). In the previous works
to determine the GSFE curve only one layer of atoms in the supercell structure is usually
chosen to be the fault plane [28, 48, 49]; the same process was also used for calculating
the ISFE of some HEAs [9]. However, since random positions of atoms are generated to
construct the supercell for HEAS, choosing a different layer of atoms as the fault plane
can influence the GSFE calculation. In this work to determine the effect of selection of
different layers as the fault plane on GSFE calculations, for each alloy system GSFE was
calculated five times considering five different layers of atoms along [z ] direction as

fault planes, and the uncertainty (average deviation) of fault energies was calculated
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(uncertainty-I1). The total uncertainty of DFT calculations was determined by multiplying
uncertainty-1 and uncertainty-I1 for different quantities and properties for each alloy
system.

Utilizing the DFT explicit approach for non-magnetic state, fault energies were
calculated to be the total formation energy difference between defect-free lattice and

faulted lattice per unit area:

16

1.6x10 °(E, - E
FE(mJ /m?) = (0 f), 1)
A

where FE is the fault energy (USFE, ISFE, or UTE), E,(eV) is the formation energy of
the perfect undistorted lattice,  , (eV) is the total energy of the sheared lattice, and A is

the area perpendicular to the stacking fault [27, 50]. Finally, the surface energies were
calculated by using a defect-free supercell similar to the Figure 2(a) with an addition of

3a vacuum on top of the (11 ) plane.

USFE, ISFE and UTE were calculated for the HEAs in Figure 1 and the results
are presented in Table 1. The total uncertainties varied depending on the alloying
compositions. For instance, the alloying elements of CoCrFeNi were almost uniformly
distributed on the planes of fcc supercells (Figure 2 (a)), and this resulted in lower values
for both uncertainty types (uncertainty-I and uncertainty-I1). On the other hand, additions
of Al and Ti to CoCrFeNi system led to some differences in compositions of different
fault layers resulting in slightly higher amounts of calculated uncertainties (Figure 2 (b)).

According to the calculated stacking fault energies presented in Table 1, addition
of Mn and/or Cu to CoCrFeNi decreased both USFE and ISFE which can aid the

dislocation mediated slip and martensitic transformation to be the plasticity deformation
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mechanism [18]. Addition of relatively high amounts of Al to CoCrFeNi
(CoCrFeNiAlg3/0.375) and CoCrFeNiCu systems (CoCrFeNiCuAlgsos) slightly decreased
the USFE but increased the ISFE higher than that of CoCrFeNi. Addition of relatively
low amount of Al (CoCrFeNiAlgs) increased both USFE and ISFE. Addition of low
amounts of Ti and Mo to CoCrFeNiAlg 3 and CoCrFeNiCu systems increased the relative
USFE and ISFE significantly. To further investigation the plastic deformation

mechanisms of these selected HEAS, we calculated the relative barrier energy (difference
between UTE and USFE) and twinnability. Therefore, the UTE (7, ) of these alloys was

first calculated, and the results including the uncertainty values are listed in Table 1. The
results indicate that additions of all the considered alloying elements to CoCrFeNi system
increased the UTE. Additions of Cu (CoCrFeNiCu) and Mn (CoCrFeNiMn) resulted in

larger increase in UTE, while additions of Cu-Al (CoCrFeNiCuAlps) and Cu-Ti
(CoCrFeNiCuTigs) led to lower increase in UTE. The relative barrier height (s, ) was
calculated by [48]:

5uus‘f =Yur T Vus (2)

ut
usf

5. offers an expression to determine whether the partial dislocations can lead to

formation of full dislocations causing dislocation mediated slip to be the plastic

deformation mechanism, or mechanical twinning become the preferred plasticity
mechanism [23, 48]. The results in Table 2 show that the calculated s, values were

positive for all the investigated HEAs meaning energy barriers of unstable twinning

formations were larger than energy barriers for nucleation of dislocations.



Table 1. Lattice constants (2 ) and calculated USFE (v ), ISFE (7 ) and UTE
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(o).
alloy a (A) Voo (MIM?) 7 (MIM? 7, (MImM?
CoCrFeNi 3.59° 39.5+1.2 31.6 0.9 476+1.4
CoCrFeNiCugs 3.56 [71] 37.3+24 29.0+1.9 51.8+3.3
CoCrFeNiCu 3.58 [72] 345+ 16 275+1.3 55.2+25
CoCrFeNiCuAlg s 3.59° 39.6 + 2.6 33.8+2.2 493+3.2
CoCrFeNiCuAlys 3.59° 38.0+25 32.0+2.1 52.1+2.9
CoCrFeNiCuTigs 3.58 [72] 45.0+2.9 37.4+24 48.7+2.6
CoCrFeNiAlos 3.59 [73] 40127 38.7+26 50.0 + 3.3
CoCrFeNiAlp s 3.60 [74] 38.2+25 35.2+2.3 53.0+35
CoCrFeNiAlos7s 3.60 [73] 35.2+2.4 33.7+23 54.1+3.7
CoCrFeNiAlysTio1 3.60 [74] 47.0+3.3 42.4 +3.0 52.4 +3.7
CoCrFeNiAly sMoy, 3.60 [74] 455+ 3.2 37.2+2.6 51.2+3.6
CoCrFeNiMn 3.59 [75] 385+15 29.7+1.2 56.6 + 2.3
CoCrFeNiMnCu 3.59 [75] 36.8+15 27.0+1.2 54.0+1.9

The lattice constants for these alloys were not reported in the literature; however since
other CoCrFeNi-based alloy systems have very similar lattice constants, the average of

their lattice constants (3.59 A) is used.

This suggests possible domination of plastic deformation by dislocation mediated

slip; however, at low positive values of s (e.g., CoCrFeNiCuTigs, CoCrFeNiAlg3Tio1

and CoCrFeNiAlp3Mog;), the alloys could still form mechanical micro-twins [48]. To

further study the possibility of mechanical twinning, theoretical twinnabilities were

calculated using Tadmor and Bernstein derivation [51]. This theory measures the

propensity of polycrystalline fcc metals to form deformation twinning.

I 1
T, = {1.136 - 0.151 y'iJ
7/USF yUT

(3)



Table 2. Calculated relative barrier height (s

ut
usf

surface energy (7, ), and Rice-criterion ductility (D ).

o1

), theoretical twinnability (7, ), @1 )

s (mdm?)

alloy 7, 75 (MIm?) D
CoCrFeNi 8.1+0.3 0.83+0.09 156.9 + 11 1.19+0.03
CoCrFeNiCugs 145+0.9 0.76 £0.10 2112 +24 1.69 +0.08
CoCrFeNiCu 20.7+0.9 0.71 £0.07 193.8+14 1.68 + 0.05
CoCrFeNiCuAlg 9.6+0.7 0.83 £ 0.07 1975+ 23 1.49 +0.07
CoCrFeNiCuAlgs 141+04 0.79 £ 0.07 160.2 + 18 1.27 £ 0.09
CoCrFeNiCuTigs 3.6+0.3 0.89 +£0.08 1951+ 22 1.30 £ 0.07
CoCrFeNiAlg s 99+0.6 0.87 £0.02 153.9+18 1.15+0.06
CoCrFeNiAlg 3 148+ 1.0 0.81 +£0.04 136.3+ 16 1.07 £ 0.06
CoCrFeNiAlg37s 189+1.2 0.78 £0.02 123.4+ 16 1.05+0.05
CoCrFeNiAlp3Tig 54+04 0.90 £0.05 159.6 + 18 1.02 £ 0.06
CoCrFeNiAlp3Mog 1 57+04 0.86 +£0.09 153.7+19 1.01 £0.09
CoCrFeNiMn 18.1+0.7 0.73+0.10 187.8 + 15 1.46 +0.04
CoCrFeNiMnCu 172104 0.72+0.10 183.5+ 20 1.50 + 0.05

Increasing -, increases the tendency of twinning formation [48]. The results in

Table 2 revealed that addition of Cu, Mn and relatively high amounts of Al

(CoCrFeNiAlgs, 0375) decreased ., while Ti or Mo increased the tendency to form

mechanical twins. Addition of relatively low amount of Al (CoCrFeNiAly2s) increased

both s, and r,. Addition of Cu and Al increased s, Based on the

usf

and decreased <, .

calculated results, the alloys with higher s’ had lower z, suggesting that dislocation

mediated slip and martensitic transformation would likely dominate the plastic

ut

deformation of those alloys. High s, and low -, for CoCrFeNiMn system suggested

usf

that dislocation glide would probably dominate the deformation mechanism rather than



52

mechanical twinning which is consistent with experimental analysis available in the
literature [10]. On the other hand, for the alloys with low positive s’ and high -, the

stress intensity at nucleation sites of partial dislocations would be the determining factor
for twinning to occur [48].

Finally to investigate how the addition of different alloying elements changes the
ductility of CoCrFeNi system, Rice-criterion ductility analysis was utilized [52]. This
analysis explains the competition between formation of dislocations from the crack tip

and crack cleavage.

D =031 (4)

Y usk
where D is the ductility parameter and y is the surface energy along [111] axis.

According to this analysis, when D >1, the material will be ductile under Mode |

(opening mode) loading due to the smaller dislocation nucleation energy compared with
the crack cleavage energy barrier; for b <0.3 (or 7, <7y ), the material will fail by

crack cleavage instead of dislocation mediated slip [48, 53]. The calculated ductilities
listed in Table 2 showed that D > 1 for all the alloys suggesting formation of dislocations
from the crack tip. Addition of Cu and/or Mn in CoCrFeNi matrix increased the Rice-
criterion ductilities, while Al, Ti and Mo decreased the ductilities. These results are
consistent with the calculated or experimental results that have been published in
literature for other alloy systems [54-56].

In conclusion, this work studied the effects of addition of Cu, Mn, Al, Ti, Mo
alloying elements on plastic deformation mechanisms of selected CoCrFeNi-based HEAS

which were reported in the literature to have a single fcc phase. The GSFE curves, Rice-
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criterion ductilities, relative barrier heights, and theoretical twinnabilities were calculated.

The results are summarized as below:

e Addition of Mn, Cu, or relatively high amounts of Al (>0.3) promotes dislocation
mediated slip and martensitic transformation. On the other hand, alloys containing Ti
or Mo are likely to exhibit dislocation glide and mechanical twining.

e Plastic deformation mechanism by addition of low amount of Al to CoCrFeNi
(CoCrFeNiAlg 2s) is likely to be dislocation gliding.

e Addition of Mn and Cu increased the Rice-criterion ductilities aiding emission of
dislocations from the crack tip, while Al, Mo or Ti decreased the Rice-criterion

ductilities aiding crack cleavage.
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ABSTRACT

Capabilities of different thermodynamic tools were investigated to calculate the
phase diagrams of high entropy alloys. A modified CALPHAD approach combined with
Muggianu’s method and ab initio molecular dynamics (AIMD) simulations is developed
in Matlab to calculate the phase diagrams of different HEAs. The results were compared
to three different commercial software packages, FactSage, Thermo-Calc and Pandat, as
well as experimental phase diagrams. The calculated binary and ternary phase diagrams
using the three commercial software packages were fairly consistent with the
experimental phase diagrams. However, for high entropy alloys, the results were not
similar to the experimental phase diagrams. On the other hand, the proposed approach
produced more reliable phase diagrams for high entropy alloys.

Keywords: High Entropy Alloys; Phase Diagram; Phase Formation, CALPHAD, ab

initio molecular dynamics.

1. INTRODUCTION

High Entropy Alloys (HEAS) are a new concept of multicomponent metallic

alloys and are defined as alloys containing five or more principal elements with near
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equi-atomic compositions [1]. HEAs can be designed to exhibit favorable properties such
as high strength/hardness, outstanding wear resistance, exceptional high-temperature
strength, good structural stability, and good corrosion/oxidation resistance [2]. Though

these alloys can be compositionally complex, they tend to form simple phases, mostly

cubic [3]. High mixing entropy (as, >1.6R) and low (near zero) mixing enthalpy (

- 40 < AH _, <15 kJ/mol) in HEAs lowers the free energy of random solid solution

(RSS) phases and facilitates their formation [1, 4]. Moreover, low atomic radii
differences between the constituent elements endorse the atomic diffusion and demote the
elemental segregations [2, 4, 5].

Due to the multiprinciple elements in HEAS, designing these alloys to achieve the
desired properties is a challenging task. In addition to severe lattice distortions and very
sluggish elemental diffusions due to different neighboring atomic sites in each lattice [6,
7], cocktail effects and high order elemental interactions make designing these alloys
difficult [2, 4]. Therefore, fundamental studies on microstructure evolutions, phase
formations and structural transformations of these alloys are required.

Similar to other multicomponent alloys, microstructures of HEAs essentially
affect their mechanical, thermal, and chemical properties. Therefore, calculating the
equilibrium phase diagrams of these alloys can provide necessary information for
designing HEAs with preferred properties. Phase diagrams show which phases will form
in a material with respect to temperature as composition changes. The stable phases in the
phase diagrams describe distinct atomic bonding and arrangement of elements in a

material with a chemical composition [8]. Phase diagrams can be produced

experimentally; however, it is a costly procedure and is sensitive to the process factors
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[9]. Therefore, theoretical calculations of the phase diagrams are necessary to study the
phase formations of the materials at their equilibrium states [8, 10, 11].

In this work, the phase diagrams of metallic alloys including Co-Cr binary and
Cr-Ni-Fe ternary, Co-Cr-Fe-Mn-Ni and Al-Co-Cr-Fe-Mo-Ni HEASs were studied utilizing
FactSage [12], Thermo-Calc [13], and integrated multicomponent CALPHAD method [4,

14] with first principle approach.

2. METHODOLOGY

Phase diagram modules of FactSage 7.0 and Thermo-Calc 2017 with different
databases were utilized to study the phase diagrams in this work. For each phase diagram,
the pressure was set to one atmosphere and no gas phases were considered. The liquid
phase was set to be a single phase, instead of possible two immiscible liquids. In
FactSage 7.0, the database FSstel and For Thermo-Calc 2017, the databases TCFEO:
Steels/Fe-Alloys V9.0 and TCHEAZ2: High Entropy Alloys V2.0 were considered. The
selected phases for each phase diagram were the default phases in each database.

The thermodynamic method developed in this work uses combinations of the
CALPHAD technique, and ab initio molecular dynamics approach. The phase diagrams
of AlIFeCoNiCu HEA were previously investigated using the sublattice CALPHAD
methods and Muggianu’s approach [4]. In this approach, the formation energies of
different phases in multicomponent systems can be calculated considering reference,
ideal solution, and thermodynamic extrapolation of excess Gibbs free energies of the
constituent elements [4, 14]. Equation 2 shows the ternary free energy using this method

[4, 14]:
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Phase reference

G -G LG ideal LG excess 1 (1)

G P Ty > x,G. + RT S oxInCx)+ >3 xx, > Gl(x, - x)", (2)

where x, is the molar fraction of component i, R is the gas constant (J/mol.K), T is the

temperature (K), 3 6. (x, - x,)" is Redlich-Kister polynomial which n is the number of

m=0

elements [15]. In Equation 2, different crystal structures can be taken into account
considering local atomic arrangements such as short range ordering and order-disorder
transitions. The Redlich-Kister polynomial can be written based on configurational
entropy and binary interactions (L") [16].

The combination of sublattice CALPHAD and Muggianu’s methods were utilized
to study the phase diagrams of five-component AlFeCoNiCu HEA recently [4]. In the
sublattice CALPHAD approach, the Gibbs free energies for different crystal structures

are determined by [17]:

G=3 VG, +RT Y yhny +3 > vy, > Ly, -vy)", 3)

[ v
where y; is known as site fraction and describes the fractional site occupation of each of

the components on different sublattices [17].

The accuracy of this approach significantly decreases as the number of constituent
elements increases. Moreover, the complexity of this approach dramatically increases for
considering more complex structures such as intermetallics or rnombohedral structures.

Electronic or atomistic simulation methods, including first principle approach and

classical molecular dynamics (MD) simulations, can be utilized as alternative techniques
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to calculate the formation of stable phases as functions of temperature and compositions.
Due to the potential limitations in MD methods for multicomponent systems, first
principle approach can be appropriately applied.

In this work, first principle approaches including density functional theory (DFT)
and ab initio molecular dynamics (AIMD) were applied to calculate the formation
energies of different phases at various temperatures. Since these approaches, especially
AIMD, are computationally expensive, they were integrated with CALPHAD solution
method and Muggianu’s extrapolation to be able to calculate the formation energies of
different phases with various constituent elements, compositions, and temperatures. The
formation energies of binary phases were calculated using AIMD methods at different
temperatures considering different crystal structures, and then the results were inserted
into the Redlich-Kister part of the multicomponent CALPHAD method as excess Gibbs
free energies. Therefore, the multicomponent CALPHAD method in this work utilized
the formation energies calculated by AIMD to determine the Gibbs free energies of
different phases at various temperatures considering reference Gibbs free energy, ideal
solutions, and excess energies. In this proposed method, the reference Gibbs free energies
were extracted from Factsage databases.

The DFT and AIMD simulations in this work were performed using the Vienna
ab initio simulation package (VASP) [18] considering at least 40 atoms. Projector
augmented wave (PAW) potentials [19, 20] were used, and exchange correlation
functions were analyzed using the Perdew-Burke-Ernzerhof (PBE) generalized gradient
approximation (GGA) [21-23] for increased results accuracy. In DFT calculations, the

structures were relaxed until the ionic optimization convergence was within 0.001
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eV/atom, and equilibrium lattice constants were determined. The AIMD calculations
were performed considering NPT Langevin ensemble (constant number of atoms, isobar,

isothermal) to allow the unit-cell volume to relax as the temperature rose [24].

3. RESULTS AND DISCUSSION

To investigate the capabilities of the tested commercial software and modified
CALPHAD method in calculating the metallic alloys phase diagrams, various binary
alloys were tested. The results for Co-Cr binary system as one example of the
investigated binary systems have been presented in Figure 1. The calculated phase
diagrams using Pandat [25], FactSage, and Thermo-Calc were consistent and resembled
the experimental phase diagram [26]. FSteel and TCFE9: Steels/Fe-Alloys v9.0 databases
were used in FactSage and Thermo-Calc respectively to calculate the phase diagrams
shown in Figure 1. Ternary phase diagrams for number of metallic systems were also
investigated. The results for Cr-Fe-Ni ternary alloy calculated using FactSage and
Thermo-Calc are shown in Figure 2 for 700 °C and 1100 °C. As shown in Figure 2, the
calculated results were consistent with the experiments for both temperatures. The
calculated results for binary and ternary phase diagrams revealed the competence of the
studied commercial databases in predicting the phase diagrams of binary and ternary
systems. However, the calculated phase diagrams were not completely similar to the
experimental phase diagrams. The phase diagrams of some HEAs as specific
multicomponent metallic alloys were calculated as well. Due to the limitations of some of
the phase diagram software to include more than three different elements as variable

compositions, changing the compositions of only two elements with respect to one
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another with constant concentrations of the other elements, have been suggested in the

literature [25].
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Figure 1. Binary phase diagrams of Co-Cr system, (a) experimental determined from
[26], (b) calculated with Pandat from [25], (c) calculated in this work using FactSage and
(d) calculated in this work using ThermoCalc.

Figure 3(a) shows the calculated phase diagram of Feg2Mng 2Nig2CryCo(.4-x) HEA

systems published by F. Zhang et. al. [25]. The same HEA systems were studied in this

work and the corresponding phase diagram were calculated using FactSage and Thermo-

Calc (Figure 3 (b) to (d)).
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Figure 2. Ternary phase diagrams of Cr-Fe-Ni system, (a) and (b) experimentally
determined at 1100 °C and 700 °C respectively from [27], (c) and (d) calculated in this
work using FactSage at 1100 °C and 700 °C respectively, (e) and (f) calculated in this

work using ThermoCalc at 1100 °C and 700 °C respectively.
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The proposed thermodynamic method in this work was also applied to calculate
the phase diagram (Figure 3 (e)). As shown in Figure 3, the predicted phases in the
calculated phase diagrams were not consistent. Since the experimental phase diagram for
the Fep2Mng2Nip2CrCop4.x) HEA systems were not available, the accuracy of the
calculated results was unidentified. Although all the compositions in the calculated phase
diagrams in Figure 3 can fit into HEA principle standards, they do not represent the
classical definition of the phase diagrams where the concentration of one element
changes with respect to all other alloying elements.

Therefore, the AICoCrFeMogsNi HEA system was selected to calculate the phase
diagrams, and the results were compared to the available experimentally determined
phase diagrams [28]. TCHEAZ2: HEA v0.2 database of Thermo-Calc software was used
for the illustrated results in Figure 4 (b) and (c). As seen in Figure 4 (b), the results
calculated using Thermo-Calc did not resemble the experimental phase diagram. Thus, in
Figure 4 (c), only the phases that existed in the experimental phase diagram (fcc, B2, and
o) were considered in the calculations. However, the resulted phase diagram was still not
confirmable by the experiment (Figure 4 (a)). On the other hand, the calculated phase
diagram using the proposed thermodynamic model showed more consistent result
compared to the experimental phase diagram. The experimentally determined presented
in Figure 4 (a) shows the microstructure consisted of B2 and ¢ phase at for up to ~28 at%
of the cobalt concentration. Also, a partial solid state phase transformation can be seen at
mid-melting temperature (800 °C) and medium concentrations of cobalt (~15 to ~28

at%).
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Figure 3. Phase diagrams of Feg 2Mng 2Nig 2CryCo.4x) HEA systems, (a) calculated with
Pandat from [25], (b) calculated in this work using FactSage, (c) calculated in this work
using ThermoCalc Fe-alloys database, (d) calculated in this work using ThermoCalc
TCHEA: HEA v2.0 database, and (e) calculated utilizing the proposed thermodynamic
method in this work.

However, in the calculated phase diagram illustrated in Figure 4 (d), a complete
phase transformation from B2 to fcc and a partial phase transformation were predicted for

low and medium/high amounts of cobalt.
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Figure 4. Phase diagrams of AlCo,CrFeMogsNi HEA, (a) experimentally determined
from Ref. [28], (b) calculated in this work using ThermoCalc HEA v2.0 database with no
phase filtration, (c) calculated in this work using ThermoCalc HEA v2.0 database
considering only the phases in experimental phase diagram, (d) calculated using the
thermodynamic approach proposed in this work.

This inconsistency between the experimental and calculated equilibrium phase

diagrams can be explained by the sluggish kinetics of HEAs [7]. Thus, the solid state

phase transformation that was predicted by equilibrium phase diagram may not occur

experimentally. This phenomenon was also observed previously in the literature as well

[4]. To further examine the capability of this proposed thermodynamic method in

calculating the phase diagrams of HEAS, other experimental phase diagrams from Ref.

[28] were also calculated. The results are presented in Figure 5.
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As shown in Figure 5 (c) to (f), the same type of total/partial solid state phase
transformations were predicted in the calculated phase diagrams which did not

completely resemble the experimental observations.
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Figure 5. (a) Experimentally determined phase diagram from Ref. [28] and (b) Calculated
phase diagram of Al,CoCrFeMogsNi HEAS, (¢) Experimentally determined phase
diagram from Ref. [28] and (b) Calculated phase diagram of AICoCr,FeMogsNi HEAS,
(e) Experimentally determined phase diagram from Ref. [28] and (f) Calculated phase
diagram of AlCoCrFeMoyNi HEAs.
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Since, Al is a non-transition metal and the bonding orbitals as well as heat of
compound formations differ between transition and non-transition metals [29], the
addition of Al can lead to relatively more complex phase diagrams [4]. For instance, in
the experimentally determined phase diagram [28] shown in Figure 5 (a), fcc and o for
lower amounts of Al and B2, fcc, B2 and ¢ for medium amounts of Al and B2 plus ¢ for
higher amounts of Al have been stabilized. However, in the calculated phase diagram
(Figure 5 (b)), fcc and o only stabilized at higher temperatures. Due to the mentioned
sluggish diffusions of the atoms in HEA, the microstructures of these alloys are sensitive
to the empirical characterization details such as heating/cooling rates and X-ray

diffraction (XRD) scan speed.

4. CONCLUSION

In this work, phase diagrams of different metallic alloy systems were calculated,
studied and compared to experimental as well as thermodynamically calculated phase
diagrams in previous studies. The results revealed the capabilities of the commercial
software packages to accurately predict binary and ternary phase diagrams. However, for
HEAs, the calculated results using Thermo-Calc did not resemble the experimental phase
diagrams. On the other hand, the integrated multicomponent CALPHAD method with
AIMD showed more consistent results with respect to the experimentally determined

phase diagrams.
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ABSTRACT

Effects of addition of 0.5 at.% interstitial carbon in AlCoCrFeNiCu high entropy
alloys are studied considering three various compositions (x=0.3, 1.5, 2.8). Despite of the
higher solidification temperature of aluminum carbide compared to chromium carbides,
the thermodynamic calculations show stability of Cr;Crs at the melting point and Cr,3Crs
at lower temperatures in the studied alloying system. The experimental characterizations
of cast Alp3CoCrFeNiCu and Al,sCoCrFeNiCu HEAs reveal a main phase and a
segregated phase containing both Cr and C. In cast Al; sCoCrFeNiCu, in addition to these
two phases, a Cu-rich phase is also detected. Addition of carbon results in segregation of
Cr from AlLCoCrFeNiCu high entropy alloys resulting in formation of chromium carbide
phases.

Keywords: High Entropy Alloys; Interstitial carbon; Carbide,

1. INTRODUCTION

Multi-principal element (MPE) alloys also known as high entropy alloys (HEAS)
can be designed to have promising properties [1, 2]. Most of the studied HEAS revealed

simple microstructures consisting of random solid solutions [1]. Classic design of HEAS
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is based on considering five or more substitutional alloying elements with near equi-
atomic compositions [2]. However, It is known that changing the compositions of the
alloys can dramatically alter their microstructures. For instance, it is shown that the
addition of the amounts of aluminum in Al,CoCrFeNiCu HEAs changes the phases from
single phase fcc to double phase fcc and bcc and then single phase bcc [3]. Since 2015
when Wu et al. [4] successfully studied the effect of interstitial carbon addition on
mechanical properties improvement of equi-atomic FeNiCoCrMn HEA, a new strategy in
MPE alloys design were introduced. Their results showed that addition of 0.5 at% carbon
did not change the single fcc phase of the FeNiCoCrMn HEA [4]. However, addition of
the interstitial carbon increased both yield strength and ultimate tensile strength [4].
Similar strength improvements were observed in the same HEA by doping 0.5 to 1 at%
boron [5]. Later, Zhiming Li et al. studied the phases of FeMnCoCr MPE alloy with
addition of 0.5 at% interstitial carbon using EDS [6]. Figure 1 [6] illustrates the current
state of strength-ductility of the HEAs including these recent HEA designs containing
interstitial elements. As shown in this figure, exceptional strength-ductility combination
of interstitial HEASs.

In this project, we study the effect of interstitial carbon on the microstructures and
properties of Al,FeCoCrNiCu HEAs. The experimental investigations showed that low
amounts of Al in these HEAs stabilizes fcc phase while high concentrations of Al
stabilizes bcc phase [7]. We will study possible segregation of elements and formation of

different carbides.
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Figure 1. Strength-ductility profiles (at room temperature) for different metallic materials

including HEAs. FG indicates fine grains and CG refers to coarse grains [6].

2. METHODOLOGY

Highly pure (> 99.9%) elemental powders (spherical gas atomized ~40 micron)

were mixed and melted in graphite crucibles in an induction furnace under argon gas at

atmospheric pressure. The samples were held at 1600 °C for one hour and then cooled

down to the room temperature (~100 °C/min). The samples were cut and polished for

characterization purposes. Scanning electron microscopy (SEM) (FEI Helios NanoLab

600 FIB/FESEM) was used for the phase analyses. Elemental compositions of the phases

as well as atomic distributions were studied using Oxford Energy Dispersive

Spectrometer (EDS). For the quantitative elemental analysis, both point EDS and EDS

maps were done.
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For thermodynamic modeling of phase diagrams, Thermo-Calc 2017 software
with TCFE9: Steels/Fe-Alloys V9.0 and TCHEAZ2: High Entropy Alloys V2.0 databases

was utilized to investigate the possible carbide formation for different compositions.

3. RESULTS AND DISCUSSION

Crystal structures and solidification temperatures of different possible carbides

can be found in Table 1 [8, 9].

Table 1. Structures and solidification temperatures of aluminum and chromium carbides.

Carbide Crystal Structure Melting Temperature (°C)
Al;Cy4 Tetrahedral 2200

CrC; Orthorhombic 1250

Cr,Cs Hexagonal 1665

Cr23Cs Cubic 1895

Figure 2 shows high temperature phase diagrams (above 1,000 °C) determined by
Themo-Calc. Various alloying elements were added to the Cr-Al-C ternary system and
the carbide formations were studied. It should be noted that all the cases are equi-atomic
without carbon. In the Cr-Al-C ternary system, formation of AlsC, is evident. However,
in all the other cases, despite the higher solidification temperature of Al;C4 compared to
chromium carbides, the thermodynamic calculation results showed that chromium

carbides will possibly form.
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Figure 2. Calculated carbide formations considering addition of different alloying
elements to Cr-Al from ternary to six elements HEA.
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As it can be seen in most cases Cr;Cs is formed, but AIFeCoCrNiCu HEA system

both Cr;Cz and Crp3Cs, form, and most likely by lowering the temperature on cooling,

Cry3Cs stabilizes.
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The SEM-EDS results for the three studied HEAs are shown in Figure 3 to 5, and
the quantitative elemental EDS analyses are provided in Table 2. A segregated Cr rich
phase was observed in all three alloys. Since carbon and chromium were only observed in
this phase, it could be concluded that chromium carbides were possibly formed instead of
aluminum carbide. This is consistent with the phase diagram calculations presented in
Figure 2. The second phase in Aly3CoCrFeNiCu and Al,gCoCrFeNiCu HEAs contained
the rest of the alloying elements. This shows that the addition of the interstitial carbon
changed the previously reported single phase microstructures for these HEAs [3].
Medium amount of Al in Al;sCoCrFeNiCu was previously reported to stabilize a
microstructure as a mixture of an fcc and a bce phase [3]. The EDS results in this work
showed these two phases, also a Cr-rich third phase which is believed to be Cry3Cs.

More experimental characterization analyses including x-ray diffraction (XRD)
and electron back-scattered diffraction (EBSD) are being conducted to accurately

determine the phases and structures in the studied HEAS in this work.
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Table 2. Quantitative elemental EDS analysis.

Alloy Phase Al Co Cr Fe Ni Cu C O
1 0.00 13 61.02 20.16 3.28 0.00 254  0.00
Algs
2 1.29 22.5 2.64 2063 2773 2435 066 0.21
1 0.23 3.45 80.37 12.25 042 0.30 3.67 0.00
Alas 2 13.10 1469 0.54 1412 0.21 41.38 0.71 0.12
1 0.03 8.28 69.04 18.70 1.10 0.00 247  0.28
Alis 2 771 2067 056 14.09 2380 3231 0.68 0.19
3 2.86 5.87 0.26 5.06 9.81 7474 0.71 0.16
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SECTION

3. SUMMARY, CONCLUSION, AND RECOMMENDATIONS FOR FUTURE
WORK

This Ph.D. research project aimed at integrating computational modeling tools
and experiments to study and provide a better understanding of phase formations and
deformation mechanism of selected high entropy alloys (HEAs). To study phase
formations and phase diagrams of some HEAs, a thermodynamic model was developed
and a code was written in Matlab based on: 1) sublattice CALPHAD method combined
with Muggianu’s methods, separately and 2) solution model CALPHAD (without
sublattice) combined with Muggianu’s and first principle methods. The calculated phase
diagrams of the selected HEAs were more consistent with the experimental results
compared with the commercial software, such as Thermo-Calc, FactSage, and Pandat.
The presented model for calculating the phase diagrams of multi component alloys can be
extended to predict the crystal structures and phases of other alloys and can be used to
study and design new material systems.

To investigate the deformation mechanisms and ductilities of CoCrFeNi-based fcc
HEA, generalized stacking fault energies (GSFE) were also determined utilizing density
functional theory (DFT) calculations. It was shown that addition of Mn, Cu, or high
amounts of Al aided dislocation gliding and martensitic transformations, while addition
of Ti or Mo promoted dislocation gliding and mechanical twinning. Addition of Mn
and/or Cu enhanced the ductility of the studied HEAs, while Al, Ti, or Mo decreased it
promoting crack cleavage. A similar explicit DFT approach was also used to study the

GSFE and the phase transformations of the dual stage transformation induced plasticity
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(TRIP) advanced high strength steels (AHSS), Fe-Mn-Si-Al-C. Mn and Si were shown to
decrease the stacking fault energy promoting the martensitic phase transformations, while
Al and interstitial C increased the GSFE stabilizing the y-austenite phase.

Since the addition of interstitial carbon to other alloy systems, such as steel, can
improve the mechanical properties, it was added to the AlxFeCoCrNiCu (x=0.3, 1.5, 2.8)
HEAs to study the role of interstitial elements on phase formations in these alloys. The
results showed that the addition of interstitial C promoted segregation of a Cr-rich phase
which possibly could be a chromium carbide phase in all of the studied alloys.

e Recommendations for future work

% To increase the accuracy of the developed algorithm for calculating the phase
diagrams of multicomponent alloy systems, high-throughput DFT calculations
and high-throughput experimental data need to be generated to create more
complete databases. Also more comprehensive uncertainty analyses need to be
considered to evaluate the reliability of predications.

¢+ First principle approaches should be applied to study the effects of defects and
vacancies on the GSFE and mechanical properties of the HEAs. Since in this
study we only concentrated on determining the GSFE for a class of fcc HEAS, the

GSFE, deformation mechanisms, and phase transformations of HEAs with other

crystal structures such as body-centered cubic and hexagonal closed pack should

be investigated. Also, ab initio molecular dynamic simulations should be used to

determine crystal structures and properties at high temperatures.
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To explore possible applications of the HEAS, other properties of the HEAS such
as electrical, thermal and magnetic properties should be studied by first principle
calculations.

To study properties and deformation and failure mechanisms at the nano-scale,
the first principle and experimental data can be used to develop advanced semi-
empirical inter-atomic potentials enabling large scale atomistic simulations of
nano-poly crystalline HEAs.

Since the addition of interstitial elements to alloy systems may improve their
properties, the effects of different interstitial elements on the microstructures and

properties of various HEA systems can be studied.
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STEEL

M. Beyramali Kivy and M. Asle Zaeem*

Department of Materials Science and Engineering, Missouri University of Science and
Technology, 1400 N. Bishop Ave, Rolla, MO 65409, USA

(This manuscript is under preparation for submission to Physica B. Condensed mater)
ABSTRACT

Effects of unary, binary and ternary combinations of alloying elements on the
unstable and intrinsic stacking fault energies (USFE and ISFE) and phase transformations
in Fe-Mn-Si-Al-C were studied using density functional theory calculations. Driving
forces for transformation of retained fcc-y-austenite to hcp-e-martensite and later to bcce-
a’-martensite were calculated. The results showed that addition of Mn and/or Si elements
on the stacking fault planes reduced the ISFE and decreased the hcp to fcc transformation
energy promoting the formation of local e-martensite structure. On the other hand,
addition of Al and/or C elements on the stacking fault plane of both pure austenite Fe and
FegzMny,SisAl,Cq matrices increased the ISFE and USFE which resulted in stabilizing the
retained y-austenite phase. The transformation from e-martensite to o’-martensite was
prompted by increasing the amount of Si/Al or using a medium amount of Mn (~14
at.%), while formation of a’-martensite phase was limited when a low (<10 at.%) or a
high amount of Mn (>18 at.%) was used.
Keywords: Generalized stacking fault energy; Phase transformation; Density functional

theory calculations; high strength steel.
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1. INTRODUCTION

Advanced high strength steels (AHSS) or high manganese steels are multiphase
and microstructurally complex steels. AHSS have specifically designated chemistries and
go through different strengthening mechanisms such as explicit cooling and heating
processes [1]. The improved properties of these steels compared to the conventional
steels such as their high strength, ductility, and strain hardening rate, make them suitable
in wide varieties of applications especially in the automobile manufacturing industries
[2]. The strengthening mechanisms of these steels include solid-solution strengthening
with medium amount of manganese, precipitation strengthening, grain refinement, and a
two-stage phase transformation from fcc-y-austenite to hcp-e-martensite and later to bec-
o’-martensite [1].

In AHSS since the austenite phase has the highest uniform strain to failure while
martensite phase has the highest strength among all the phases, appropriate austenite-
martensite mixtures could produce ideal combinations of strength and formability
behavior [2, 3]. The transformation induced plasticity (TRIP) behavior caused by vy-
austenite transformation to e-martensite is controlled by the unstable and intrinsic
stacking fault energies (USFE and ISFE) [4, 5]. Stacking faults are two-dimensional
defects that can be generated in materials by mechanical deformations [6]. The
generalized stacking fault energy (GSFE) of a material is the total energy per unit area to
create a complete stacking fault. The maximum point in a GSFE curve is the USFE which
is the least compulsory energy for nucleation of dislocations, and the minimum energy is

the ISFE formed by removing one sequence from perfect fcc crystal stacking sequence
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[7]. Therefore, calculating both USFE and ISFE is necessary to accurately predict the
deformation behavior of materials [8, 9].

Unlike ISFE, the USFE cannot be determined by experiments and can be only
calculated theoretically using first principle or atomistic methods such as density
functional theory (DFT) and molecular dynamics (MD) simulations [4, 10, 11]. To
determine GSFE of materials using DFT calculations, explicit and implicit approaches
can be applied. First principle explicit method determines the total energy difference
between the perfect and faulted crystals and provides good information about electronic
structure variations at the stacking fault [4, 12, 13]. On the other hand, implicit method
calculates the energies of the fcc, hcp and double hcp to define the SFE of the fcc
structures and offers a homogeneous description of the bulk environment [14, 15]. Both
explicit and implicit approaches were employed previously to calculate the ISFE of Fe-X
binary systems (X=Ti, V, Cr, Mn, Co, Ni, Cu, Zr, Nb, Mo, Tc, Ru, Rh, Pd, Ag and C) [4,
15, 16]. Also, GSFE of Fe-X binary systems (X=Mn, Al, C and Ni) were computed using
first principle approach [13, 17]. However, in most of these works only one atom of each
of the alloying elements were considered. Thermodynamic methods were also used to
study the effects of alloying elements on ISFE in steels [5, 11, 18], but these methods
cannot calculate USFE.

In this work, DFT calculations were employed to study the effects of the alloying
elements and their amounts on USFE, ISFE, and the dual-stage transformation in Fe-Mn-

Si-Al-C system.
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2. METHODOLOGY

In this work, Vienna ab initio simulation package (VASP) [19] was used to
perform the DFT simulations. Instead of ultra-soft pseudopotentials, projector augmented
wave (PAW) potentials [20, 21] and the generalized gradient approximation (GGA) [22,
23] were used to enhance the accuracy of the calculations. All the structures were relaxed
until the ionic optimization convergence was within 0.01 eV/atom. The supercell
structures used in this work are presented in Figure 1. The fcc supercell considered for
the stacking fault energy calculations consisted of 108 atoms in total with 9 planes along

[111] axis and 12 atoms on each plane considering a=3.57A (Figure 1 (a)) [24].

To avoid the saturation of the stacking fault plane with alloying elements, less
than 25% of the Fe atoms on the stacking fault plane were substituted by the
substitutional alloying elements. The interstitial carbon atoms were added to each
structure and then the structure was relaxed. The stacking faults were formed in the

perfect fcc structures by a rigid displacement of the atoms above the stacking fault plane
along [z11] direction in the (111) slip plane [25-27]. This resulted in a b,=1/6(211 ) {111 }
partial Bugers vector (a Shockley partial dislocation) [4, 5, 10, 28] (Figure 1 (c)). Two
bp=1/6(211 ) {111 } Shockley partial dislocations form a a/2(110 ) perfect dislocation. An
unstable stacking fault (USF) forms due to the shear displacement through half of that
Burgers vector, yuse=1/12(211 ) 11 } [17] (Figure 1 (b)). The stacking fault energies

(USFE and ISFE) were calculated by applying the ab initio explicit approach for non-
magnetic state as the total formation energy difference between defect-free perfect lattice

and faulted lattice per unit area:
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Figure B.1. (a) Perfect fcc structure, (b) unstable stacking fault, and (c) intrinsic stacking
fault used for GSFE calculations. (d) fcc, (e) bcc, and (f) hep structures used for phase
transformation calculations.
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SFE (mJ /m?) =

A

where E (mJ ) is the formation energy of the perfect undistorted lattice, E, (mJ ) is the

total formation energy of the sheared lattice and A(m?)is the area perpendicular to the
stacking faults [10, 27, 29].

This work was focused on the investigation of GSFE of an AHSS when altering
the composition of the stacking fault plane. FegsMn13Siz 1AlpsCo.1 AHSS was considered

and to construct the initial structure of the FCC supercell, the elements were distributed
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randomly throughout the supercell and a few relaxation steps were taken to find the most
stable structures.

In previous works to study the effect of alloying elements on GSFE of Fe, usually
one atom of the alloying element is placed on the stacking fault plane of a pure FCC Fe
matrix. The results in the literature shows a linear reduction of ISFE as the alloying atom
iIs moved away from the stacking fault plane [13, 16]. This provides some fundamental
understanding of effect of single alloying elements on GSFE of pure FE, however in the
case of steels where several alloying elements are present in the matrix, the combined
effects of different elements should be considered. In this work we want to resemble the
actual composition of an AHSS where the alloying elements are distributed throughout
the whole matrix. In this case, selecting the positon of the stacking fault plane may affect
the GSFE calculations as different stacking fault plans and their neighboring plans have
different compositions. Therefore, we use three different planes of the supercell (Figure 1
(a)) as stacking fault planes to calculate the corresponding USFE and ISFE for each. The
average deviation of the calculated energies were determined and presented as the
uncertainty bars in Figure 2.

In order to study the elemental effects on the phase transformations, fcc supercell
with 100 atoms and lattice constant of a=3.57A [24] (Figure 1 (d)), bce supercell with 96
atoms and lattice constant of a=3.86A [30] (Figure 1 (f)) and hcp supercell with 96 atoms
and lattice constants of a=b=3.47A and ¢=3.96A [31] (Figure 1 (e)) were considered and

AE of different structures with the same compositions were calculated.
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3. RESULTS AND DISCUSSION
3.1. STACKING FAULT ENERGIES

USFE and ISFE of both pure austenite Fe and Feg;Mn14SisAl,C; systems were
calculated considering different alloying elements on their stacking fault planes with
various compositions. To present the result is a more distinguishable way, the USFE and
ISFE results are presented separately in Figure 2 (a) and (b) respectively for all the
studied cases. The USFE and ISFE of nonmagnetic pure fcc-austenite Fe were calculated
to be 50025 mJ/m? and -410+20 mJ/m?, respectively. . These values were in agreement
with published results in the literature [4, 10, 12, 17]. As it can be seen, the reported
energy values in Figure 2 are with respect to pure austenite Fe energy values. To
investigate the effects of different alloying elements on the USFE and ISFE of Fe-Mn-Si-
Al-C system, different perfect fcc structures with various atomic positions were relaxed
and the structure with the minimum formation energy were selected. Three different
planes of the selected fcc structure were chosen as the stacking fault planes and both
USFE and ISFE (35 mJ/m? and 9 mJ/m? respectively) were calculated. The average
deviation of the calculated energy values were presented in Figure 2 as average energy
(dashed lines).
3.2. EFFECT OF SINGLE ELEMENT ON USFE AND ISFE

As shown in Figure 2(b), addition of Mn and/or Si on the stacking fault plane of
austenite Fe decreased the ISFE. In the case of Feg;Mn14SisAl,Cs, regardless of which
plane is chosen as the stacking fault plane, the calculated ISFE values were higher than
that of the pure Fe. Addition of Mn and/or Si slightly reduced the ISFE of

Feg7Mny4SisAl,Cq with respect to the average energy value.
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Figure B.2. (a) The calculated USFE, and (b) ISFE with respect to pure austenite Fe
verses different alloying elements at the stacking fault plane. The solid lines at zero
mJ/m? show relative energies of pure fcc iron and dashed lines show the average USFE
and ISFE of FegzMny4SisAl,C; considering three different stacking fault planes of relaxed
structure.

It has been reported in some previous articles that increasing of Mn has parabolic
effect on the ISFE where the ISFE initially decreases up to around 15-20 wt% (or ~13
at%) of Mn and then increases [13, 18, 32-34]. Also, it is suggested in the literature that
the effect of Mn on the ISFE can be explained by thermochemical free energy difference

between fcc-y-austenite and hcp-e-martensite [18, 35]. Calculated results in this work
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also revealed that Mn had higher effect on ISFE compared to Si. On the other hand, the
addition of Mn and/or Si in both austenite Fe and Feg;Mn14SisAl,C; matrices increased
the USFE compared to pure austenite iron. However, Mn and/or Si decreased the USFE
with respect to the average ISFE of Feg;Mny4SisAl,Cs. In the contrary, the addition of Al
and/or interstitial C to both of the matrices, increased the USFE and ISFE, but it is
worthy to note that in the matrix consisting all the alloying elements, the effects of Al
and/or C were less intense than in austenite Fe matrix. These results are in agreement
with the results reported in the literature [5]. However, according to some articles [36],
ISFE of steels are relatively unresponsive to the small concentrations of carbon but in this
work, due to the computational limitations, ~ 0.93 at% of C was considered which is
relatively high compared to the experimental concentration.
3.3.  EFFECT OF BINARY AND TERNARY ELEMENTS

In addition to the single elements, the effects of selected combinations of binary
and ternary elements on the GSFE were studied. As illustrated in Figure 2, ISFE behavior
can be qualitatively explain based on the effects of the elements individually. For
instance, the addition of Al and interstitial C to the austenite Fe matrix increased the ISFE
to 25 mJ/m? with respect to pure austenite Fe. This energy is higher than the calculated
energies considering either only Al or only interstitial C. Placing Al and interstitial C
atoms on the stacking fault plane of Feg;Mn14SisAl,C; system increased the ISFE to 17.4
mJ/m? with respect to pure austenite Fe. To further investigate the effect of Mn as a
primary alloying element in these types of TRIP-AHSS along with other alloying
elements on the GSFE, different binary and ternary combinations were considered. It is

shown in Figure 2 that generally increasing the amount of Mn on the stacking fault planes
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of both matrices from 1 atom to 2 atoms decreased the calculated ISFE. This was
regardless of other alloying elements on the stacking fault planes. Addition Mn and Si to
austenite Fe matrix reduced the ISFE with respect to pure austenite Fe. Also, addition of
Mn, Si and interstitial C to the same matrix decreased the ISFE of pure austenite Fe.
Calculated ISFE by addition of Mn and Al and/or C to the austenite Fe showed higher
ISFE compared to pure austenite Fe. As presented in Figure 2, FegzMn14SisAl,C; matrix
showed similar ISFE trends with respect to the alloying elements however, the sensitivity
of ISFE behavior in Feg;Mn14SisAl,C; matrix to the stacking fault plane composition was
relatively lower than that in austenite Fe matrix. This suggested that neglecting the
influences of the elements that are not isolated on the stacking fault plane is not
recommended. Once again, these results are in agreement with the results published in
the literature [11, 37, 38], however it is shown that increasing Mn in austenite steels has
parabolic effect on the ISFE with the minimum at different concentrations of Mn
depending upon the other alloying elements [18]. This behavior will be discussed later in
this work by calculating the driving force of phase transformation. Furthermore, the
effects of Si, Al and interstitial C were studied in this work as well considering different
combinations of them. The results showed that the addition of 1Si-1C and 1Si-1Al on the
stacking fault plane decreased the ISFE more than addition of 1Si-1AI-1C did for both
austenite iron and Feg;Mn14SisAl,C; systems. Finally, the effects of binary/ternary
combinations of the alloying elements on the USFE behavior of austenite iron as well as
Feg7Mny,SisAl,Cy system were computed and presented in Figure 2. The results revealed
that the addition of any of the alloying elements to the pure austenite Fe increased the

USFE. Addition of Mn concentration from one atom to two atoms on the stacking fault
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plane decreased the USFE of austenite Fe matrix for Mn, Mn-C, Mn-Si, and Mn-Si-
combinations. On the contrary, the USFE in Mn-Al and Mn-Al-C increased by increasing
the Mn concentration on the stacking fault. Furthermore, the results showed that addition
of Al and/or C to both matrices intensely increased the USFE. Considering 1Si-1C and
1Si-1Al on the stacking fault planes of both matrices had similar calculated USFE values.

Similar to the ISFE, the calculated USFE for Feg;Mny,SisAl,C; system were less
sensitive to the stacking fault plane composition compared to the austenite Fe system.
According to the GSFE results, it can be concluded that the addition of Mn and/or Si aids
the martensitic transformation by decreasing the ISFE and addition of Al and/or
interstitial C stabilizes the y-austenite phase. The calculated uncertainty values showed
that considering same stacking fault plane compositions with different neighboring plane
compositions also affected both calculated USFE and ISFE. Therefore, not only presence
of the alloying elements in these steels will change the GSFE behavior, the position of
these elements also with respect to the stacking fault planes will affect the GSFE
behavior.

3.4. ELEMENTAL EFFECTS ON DUAL-STAGE TRANSFORMATION
BEHAVIOR

To analyze the driving forces for the fcc y-austenite to hcp e-martensite and hep e-
martensite to bce o’ -martensite, the formation energy difference between these three
structures were calculated. The results are presented in Figure 3. To study the effect of
alloying elements on two-stage phase transformations, two types of supercell crystal

matrices were considered.
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Figure B.3. Calculated Energy Difference between (a) fcc and hep structures and (b) hep
and bcc structures.

In the first case, some of the Fe atoms in a pure iron matrix were replaced with
particular concentrations of one alloying element (Fe-X binary in Figure 3) and in the
other case, a matrix consisting Fe, Mn, Al and interstitial C was considered (Fe-Mn-Si-
Al-C in Figure 3).

The illustrated results in Figure 3 showed that the addition of Si (3 at%, 5 at% and
7 at%) decreased the hcp-fcc transformation energy sustaining the formation of e-
martensite. Moreover, the addition of Si stabilized the formation of o'-martensite by
decreasing the bee-hep transformation energy as well. Thus, it can be concluded that the
addition of Si aids the completion of the dual-stage transformation (fcc—hcp—bcc). In
both considered supercells, the effect of the addition of Si had relatively the same trend
but higher AE values for Fe-Si binaries. Furthermore, as presented in Figure 3, the
addition of Al increased the hcp-fce transformation energy restraining the formation of e-
martensite phase. However, the addition of Al decreased the bcc-hcp transformation

energy allowing the formation of o’-martensite phase. This means the formation of e-
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martensite decreases by increasing the Al but the possibly formed e-martensite crystals
tend to transform into o'-martensite phase in both the pure iron matrix as well as the
matrix consisting Fe, Mn, Si, Al and interstitial C. These Si and Al elemental effects
explained the ISFE behavior presented in Figure 3. The addition of Mn had a parabolic-
like effect on the phase transformation behavior. This means the addition of Mn from 10
at% to 14 at% (medium-Mn) decreased the fcc—hcp—bcec transformation energies
sustaining the formation of a’-martensite phase. Nonetheless, at higher amounts of Mn
(18 at%), the fcc—hcp and hcp—bec transformation energies increased. This
phenomenon showed that the medium amounts of Mn aided the dual-stage transformation
(fcc—hcep—bcec) more compared to lower and higher amounts of Mn. These results are in
agreement with the literature [39-41].
4, CONCLUSION
In this work, ab initio calculation approach was used to study the deformation

mechanisms of FegyMny,SisAl,C; TRIP-AHSS and effects of different alloying elements
on the generalized stacking fault energies and two-stage phase transformations were
calculated in fcc-Fe matrix as well as the fcc-matrices with Feg;Mny4SisAl,Cy
compositions. The results can be summarized as below.
e Addition of Mn and/or Si on the stacking fault planes of fcc austenite Fe matrix or

FegzMny,SisAl,C, matrix decreased the relative ISFE compared to the pure austenite

Fe or average ISFE of relaxed Feg;Mny4SisAl,C; respectively. On the contrary, adding

Al and/or interstitial C to the fcc austenite Fe matrix increased the ISFE compared to

pure austenite Fe. In the fcc-matrices consisting of FegzMn14SisAl,C4, these elemental
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effects followed the same trend, however the ISFE for all of these cases were higher
than ISFE of pure austenite Fe.

Addition of Mn, Al, Si and interstitial C with any combination increased the USFE
compared to pure austenite Fe for both matrices. However, Al and/or C increased the
calculated relative USFE more than Mn and/or Si.

Generally, the calculated GSFE of Feg;Mny,SisAl,C; matrix were less sensitive to
changing the stacking fault plane compositions compared to austenite Fe matrix.
Addition of Si decreased the hcp-fcc and bee-hep transformation energies allowing
the dual-stage phase transformation (fcc—hcp—bcc). Addition of Al on the other
hand restrained the hcp formation but aided the hcp—bcec transformation. Although
addition of Mn decreased the hcp-fce and bee-hep transformation energies assisting
the formation of hcp and bcc structures, higher amounts of Mn (17 at% in this work)
restrained the martensitic transformation by increasing the bcc-hep transformation

energy.
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First principle approach including DFT and ab initio molecular dynamics (AIMD)
were utilized in this Ph.D. project to investigate the phase stabilities, surface energies and
generalized stacking fault energies of different studied HEAs. Vienna ab initio simulation
package (VASP) v.5.3.3 available on the extreme science and engineering discovery
environment (XSEDE) were used to perform the calculations. Projector augmented wave
(PAW) potentials [1, 2], instead of ultra-soft pseudopotentials, and the generalized
gradient approximation (GGA) [3, 4] were used to enhance the accuracy of the
calculations. Depending on the objective of the tasks, different structures with various
lattice constants and atomic/elemental distributions were considered.

In order to calculate the phase stabilities to study the phase formations in
AlFeCoNiCu HEAs, formation energies of different crystal structures including fcc, bcc
and hcp were calculated applying DFT simulations. Total number of 96 atoms and 6x6x6
Monkhorst pack K-points mesh were considered. The unit-cell sizes were changed by
changing the lattice constants to find the equilibrium lattice (the cell-size with minimum
formation energy). For instance, for equi-atomic FeCoCu, 3 unit-cells of fcc, bcc and hep
crystal structures were considered and then the supercell were made based on the
minimum required unit-cells. For fcc, bee and hep structures, unit-cells with 8 to 343 A3,
3.38 to 216 A® and 5.5 to 104.5 A® were considered respectively. The atoms of the
alloying elements were randomly distributed in the supercells manually. To increase the
reliability of the results, different atomic positions for each element were also considered.
The structures were relaxed (ionic relaxation at each particular volume size by allowing
calculating forces, stress tensors ionic positions) until the ionic optimization convergence

was within 0.001 eV/atom, and then simulations were converged considering the quasi-
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Newton algorithm and Fermi smearing [5]. Using the same sampling K-points technique,
the AIMD calculations are more computationally expensive compared to DFT
simulations, less number of total atoms was used generally. It should be mentioned that
the since the Gamma point (center of the Brillion zone) is not considered as a special
point, the AIMD calculations were not done on Gamma point only and instead, K-
meshing was considered to be consistent with the DFT calculations. This increased the
intensity and cost of the calculations, therefore 40 atoms were considered. Before
performing the AIMD calculations, all the structures were relaxed using DFT
calculations. NPT (constant number of atoms, iso-bar and iso-thermal) ensemble
simulations were done considering Parinello-Rahman dynamics with Langevin
thermostat (allowing cell shape and cell volume variations) [6-8]. The heating rate of
~10" K/sec was assumed for the AIMD calculations.

To study the plastic deformation mechanisms of CoCrFeNi-based HEAs, fcc
supercells along [111], [211] and [011] axes consisting of 108 atoms (9 planes along
[111]and 12 atoms on each plane) were built. DFT calculations considering PAW

potentials were performed, and exchange correlation functions were analyzed using the
Perdew-Burke-Ernzerhof (PBE) GGA. Different lattice constants (3.56 A, 3.58 A, 3.59 A
and 3.60 A) were assumed for different HEA compositions based on the experimental
measurements available in the literature. The stacking faults were imposed to the defect-

free fcc structure by a rigid displacement of the atoms above the stacking fault plane

along <211> direction within {111} slip plane [9, 10], which results in a b,=1/6(211){111}
partial Burgers vector (a Shockley partial dislocation) [11-14]. Two b, =1/6(211){111)

Shockley partial dislocations form a a/2(110) perfect dislocation. An unstable stacking
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fault (USF) forms due to the shear displacement through half of that Burgers vector,

=a/2(211 )} [15]. Utilizing the DFT explicit approach for non-magnetic state,

Y usk
fault energies were calculated to be the total formation energy difference between defect-

free lattice and faulted lattice per unit area:

E,-E
FE (eV /m’)= ———, (1)
A

where Fe is the fault energy (USFE, ISFE, or UTE), E, (eV) is the formation energy of
the perfect undistorted lattice, e, (eV) is the total energy of the sheared lattice, and A is

the area perpendicular to the stacking fault [12, 16]. When different layers along [211]
direction within (11 ) slip plane were considered as fault planes, the calculated GSFE

curve was altered due to different compositions of the fault planes. The surface energies
were calculated by using defect-free supercells with an addition of 3a vacuum on top of

the ) plane. Then the difference between the perfect supercell and supercell with
vacuum on top per unit area on (111 ) plane was the calculated surface energy. In addition

to different stacking fault planes, different random atomic positions in the fcc supercells
was also considered to increase the reliabilities of the results. All the structures including
defect free and also faulted supercells were relaxed (ionic relaxation for each supercell by
allowing calculating forces, stress tensors ionic positions) until the ionic optimization
convergence was within 0.001 eV/atom, and then simulations were converged
considering the quasi-Newton algorithm and Fermi smearing. The visualized illustrations
of the supercells and generalized stacking fault configurations can be found in Figure

C.2,C.3and C4.
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Figure C.1. Calculated total density of states of the selected crystals in AIFeCoNiCu
HEA, for the Paper |
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Figure C.2. Schematic supercells of Fe-Mn-Si-Al-C high strength steels for (a) single C
(b) single C in the experimental composition. Brown, purple, dark blue, light blue and
black indicate Fe, Mn, Si, Al and C respectively. The GSFE results considering
supercells like these two (108 atoms) are presented in Figure B.2.
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Figure C.4. Schematic fcc supercells for GSFE calculations considering two different
planes as stacking fault planes and their corresponding unstable stacking fault, intrinsic
stacking fault and unstable twinning configurations, for Paper I1.
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